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I. Introduction 

A discussion of the rheology of crystalline and cross-linked polymers 
should in some ways resemble that of the dentistry of hens' teeth; i.e., 
what can be said? The reason is that microcrystallinity on one hand and 

365 
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dense network formation on the other have been developed in polymers 
largely to prevent flow or, indeed, extensive deformation of any kind. 
Hence, in contrast to the other topics in this book, the present chapter 
will involve special kinds of strains. The really reversible, elastic, displace-
ments will be extremely small, generally less than 1 %, and the inelastic 
ones are likely, in the microcrystalline systems, to be in the range of 
hundreds of per cent, with a superficial resemblance to true plasticity. 
Further, they will be of curious interest in polymer technology because, 
outside of the field of rubbers, only cold drawing, as in fiber formation of 
microcrystalline polymers, involves important distortions of severalfold. 

Unfortunately, neither of these extremes, of minute deformations or 
enormous ones, is understood theoretically. This is in contrast to rubbery 
elasticity and its related viscoelastic formalism. Further, this brief survey 
will not attempt to expose all the phenomenology of these systems. Rather, 
the simple principles of chain or network segment motion which must 
govern this rheology will be, where possible, described and related to 
molecular qualities of particular plastics. Thereby we hope to couple even 
closer the test tube and the test lab. 

1. STRESS-STRAIN BEHAVIOR 

Linear microcrystalline polymers subjected to a uniaxial tension charac-
teristically respond with a stress-strain diagram like that shown in Fig. 1. 
This is for a high molecular weight polyethylene sebacate. Incidentally, 
this may have been one of the first substances to have been drawn into a 
synthetic fiber, in the historic experiments of Carothers,1 although its 
mechanical properties have not been reported before. The structure of 
these polymers is essentially paraflinic, with additional cohesion provided 
by the dipolar layers.2 Hence the strain reported in this curve reflects both 
a sliding of the hydrocarbon groups and the displacement of strong dipoles, 
and can fairly be said to be characteristic of most chain polymers. 

The early part of the curve looks linear, but more detailed examination 
will show non-Hookean properties. Hence no particular part of the perform-
ance of microcrystalline polymers can be identified solely with the perfectly 
elastic displacements of atoms or distortion of valence bonds, at ordinary 
temperatures, or, indeed, perhaps short of liquid nitrogen temperatures. 
This curvature in the stress-strain curve has been studied over a range 
of temperatures and the moduli it denotes have been represented by an 
expression Ε = EQe~

ae where Ε is the slope of a tangent at any point, E0 = 
the slope at 0 strain, e = the strain, and a = a constant determined for a 
particular temperature and polymer. Studies using this expression have 

1
 W. H. Carothers and J. W. Hill, Am. Chem. Soc. 54, 1579 (1932). 

2
 C. S. Fuller and W. O. Baker, / . Chem. Educ. 20, 3 (1943). 
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F IG. 1. Relation of elongation to slowly applied stress in the highly crystalline 
linear polymer polyethylene sebacate. 

included polyethylene. The effects of molecular weight and of some varia-
tions in structure were examined. It was concluded by Carey and co-
workers that independently of temperature and molecular weight, the 
relation was that "The product of the initial modulus and the strain at 
the elastic limit are proportional to the stress at the elastic limit." Since 
it is well accepted that the "elastic limit'' has to be an arbitrarily defined 
point, it was desirable to examine the rheology from the very lowest strains 
upward toward this region in finer detail. Some examples of this have been 
chosen from recent studies of polyethylene by T. F. Osmer

4
 of Bell Tele-

phone Laboratories. A device giving record of stress-strain behavior at 
the same time that photoelastic measurements were made has yielded curves 
shown in the following figures. The complex qualities of this deformation 
curve (Fig. 2) are well summarized by the creep experiments

5
 of Gohn 

and associates, wherein even at stresses of 100 p.s.i. with a creep of 0.01"/ 
inch after 10,000 hours of continuous loading, there was still not a steady 
creep rate. Indeed this had not flattened out at 20,000 hours. These findings 
appear consistent with a later discussion of the dynamics of solid poly-

3
 R. H. Carey, E. F. Schulz, and G. J. Dienes, Ind. Eng. Chem. 42, 842 (1950). 

4
 T. F. Osmer, private communication. 
5
 G. R. Gohn, J. D. Cummings, and W. C. Ellis, Am. Soc. Testing Materials, Proc. 

49, 1139 (1949). 



368 I. L. HOPKINS AND W. O. BAKER 

1000 

2 0 0 

/o 

—7—-/ —7—-/ 

28 36 0 4 8 12 16 20 24 

ELONGATION, PER CENT 

F IG . 2 . The effect of different states of crystallinity on the stress-strain curve of 
low density polyethylene at 2 5 ° C . The annealed specimen was 0 . 0 3 5 in. thick; the 
quenched specimen, 0 . 0 3 7 in. thick. Both were 0 . 5 in. wide. Average strain rate was 
3 % per minute. 

ethylene, in which evidence for a very broad spectrum of relaxation proc-
esses is displayed. 

The primary significance of Figs. 2 and 3 is direct evidence of the large 
influence of crystallites on solid polyethylene rheology. Among the non-
polar microcrystalline polymers, a great array of which is now known 
because of the recent use of Ziegler-type catalysts, polyethylene will be 
taken as reasonably typical. However, the polyethylene of Figs. 2 and 3, 
and the rest of this part of the discussion, is a low density, imperfectly 
linear polymer. The linear polyethylene and isotactic hydrocarbon polymers 
have even more drastic effects of crystallinity on stress-strain properties. 

The quenched specimens on Figs. 2 and 3 cannot be assumed to lack all 
crystallinity, since polyethylene anneals rapidly at 25° C , where the tests 
were made. However, both density and X-ray scattering showed a minor 
ordered component, compared to the annealed samples. The almost double 
initial modulus testifies strongly to the rigidity conferred by tiny paraffin 
crystals, even separated as they apparently are by a continuous amorphous 
or mesomorphous phase. 

Indeed, these ordered and disordered regions interact on each other 
mechanically in many subtle, little-known ways. For instance, when the 
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F IG . 3. The effect of different states of erystallinity on low density polyethylene 
at 25°C at 20X the average strain rate of Fig. 2. The annealed specimen was 0.063 
in. thick; the quenched specimen, 0.064 in. thick. Both were 0.5 in. wide. Average 
strain rate was 60% per minute. 

average strain rate of 3 % per minute, in Fig. 2, is raised twentyfold to 
the 60% per minute of Fig. 3, there is little effect on the quenched curves; 
they almost exactly superpose. This is expected from the short relaxation 
time of amorphous paraffinic chains, as reflected probably in the very low 
brittle temperature of polyethylene. However, when a large fraction of 
crystalline regions obtains, the stress-strain curve of Fig. 3 is markedly 
steeper than at the lower strain rate. Seemingly, some organized rearrange-
ments come in even at a few per cent elongation. They involve large num-
bers of atoms, both in movement of crystallites in the amorphous solid 
and probably in plastic slip within the crystallites themselves. Thus, the 
relaxation times are greatly increased, and the stress builds up rapidly in 
the strained specimen. Obviously, technical behavior of such systems re-
garding impact strength, low temperature flexibility, yield point, creep, 
and tensile strength will greatly depend on crystalline content and distribu-
tion. 

Stress relaxation is also characteristically exhibited in the curve of Fig. 4, 
in which, however, the stress-optical effect is precisely linear.4, 6 Thus 
chain orientation over this small strain range seems completely reversible, 

6
 A. Renfrew and P. Morgan, eds., "Polythene." Interscience, New York, 1957. 
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F IG. 4. Stress-strain and birefringence relations of low density polyethylene 
stressed slowly at 25°C. showing irreversible characteristics of deformation but 
strict reversibility of birefringence. K EY: 3 , ascending stress;©, descending stress; 
O, ascending birefringence; φ, descending birefringence. Average strain rate was 
1.5% per minute. 

but unrecovered crystallite deformations give large hysteresis loops for 
mechanical properties. Indeed, in compression tests, where crystallite 
properties can be greatly suppressed (by rotational disordering

7
) by elevated 

temperatures, Fig. 5 illustrates comparative suppression of mechanical 
hysteresis, compared to Fig. 6. In Fig. 6, low temperature has stiffened 
both crystals and their "fringes"are so stiffened that recovery progressively 
disappears. This sort of behavior is usual for chain polymers, and rare 
except for long times of stressing for chemically cross-linked polymers. If 
chemical changes in cross linkage accompany the stretching, however, 
hysteresis is common. The situation with densely cross-bonded structures 
will be discussed later, particularly for hard rubber. 

2. COLD DRAWING 

The most spectacular part of the stress-strain curves of macrocrystalline 
polymers for either uni- or multiaxial stressing is where it flattens out into 
a plateau. This marks the cold drawing phenomenon where a sharp shoulder 

7
W . O. Baker, in "High Polymers" (S. B. Twiss, ed.), p. 108. Reinhold, New 

York, 1945. 
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F IG . 5 . Compression set curves for low density polyethylene at elevated tempera-
tures where crystalline deformation is minimized. Specimen was a cylinder, W 
diameter X high. Rate of test was approximately 5 min. total for loading and 
unloading each loop. Test temperature, + 1 8 0 ° F . 

forms and thin material which is moleeularly highly oriented is pulled out 
of a more or less unoriented and frequently opaque bulk. This dramatic 
reduction in cross section, and the lustrous, clear, strong fibers or sheets 
which it creates, were once thought especially characteristic of linear 
microcrystalline polymers. Actually both were also present in many early 
examples of amorphous polymer studies. Indeed the classic report of 
Hünemörder

8
 on molecular orientation in polystyrene shows photographs 

of highly stretched filaments with vestiges of a drawing shoulder visible. 
In microcrystalline polymers, however, cold drawing which represents 
roughly elongation at constant stress (referred to the original cross section) 
is attended by dramatic reorganization of molecular layers and atomic 
planes. In the linear polyamides, for example, this leads to beautiful fila-
ments giving nylon textiles. In this case, however, the drawing can equally 
well or actually better be achieved by orientation of the chain axis alone 
and then subsequent crystallization into oriented crystallites. Similarly, 

8
M . Hünemörder, Kautschuk 3 ( 3 ) , 1 0 6 ( 1 9 2 7 ) . 
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F IG . 6. Compression set curves for low density polyethylene at low temperatures 
where plastic behavior prevails over elastic responses. Specimen was a cylinder, 

diameter X 3̂ >" high. Rate of test was approximately 5 min. total for loading and 
unloading each loop. Test temperature, — 40°F. 

stress-strain curves for polyethylene of crystallinity varied by thermal 
history are indeed typical of the effects also encountered in proceeding to 
the stage of full cold drawing in polymers of varying crystallinity. However, 
the point that cold drawing in a phenomenologically similar way can be 
achieved for either a noncrystalline polyamide or the same one highly 
crystallized and organized into spherulites, as was long ago shown,

9
 seems 

to clarify the question of how this chapter should treat cold drawing. The 
mesomorphous, but noncrystalline polyamide, which, to repeat, shows 
typical cold drawing, could not have become heated at the shoulder to 
within 50° C. or more of the melting point of its crystalline form. If it had, 
it would have crystallized in the solid according to detailed studies

9
 widely 

confirmed. Thus, an amount of heating corresponding closely to heat of 
fusion of linear polymers does not seem to be critical in the drawing of the 
mass, at least when it is noncrystalline. Hence, it seems proper to focus 
mostly on the structural and orientation changes in drawing. That is, it 

9
 C. S. Fuller, W. 0 . Baker, and N. R. Pape, Am. Chem. Soc. 62, 3275 (1940). 
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F I G . 7a. Electron micrograph of polyundecanoate polyester showing crystallite 
sheaves. Original magnification, 3760X. 

can be assumed that there is structural continuity between the undrawn 
and drawn states, although naturally there is a very considerable tempera-
ture rise on drawing, as has recently been shown by ingenious observations 
on thermofluorescent powders.10 Similarly, the detailed study of Marshall 
and Thompson emphasizes the consequences of the abiadatic working 
process in polyethyleneterephthalate. Here, there usually is crystallization 
on drawing of the amorphous polymer, so that the crucial experiment which 
was noted earlier in the polyamides and might be possible in polyesters 
at a low temperature, is not normally done. 

Microcrystalline polymers characteristically form spherulitic aggregates 

10 P. Brauer and F . H. Müller, Kolloid-Z. 135, 65 (1954). 
11 I. Marshall and A. B. Thompson, Proc. Hoy. Soc. A221, 541 (1954). 
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F T G . 7 6 . Electron micrograph of polydecamethylene sebacamide showing crystal-
lite growth from solution. Original magnification, ΙΟ,ΙΟΟΧ. 

through their bulk.1 2' 13 Generally these are in the form of sections of 
spherulites containing very fine sheaves of crystallites \vhose details can 
be barely discerned in Fig. la for a polyundecanoate polyester of weight 
average molecular weight about 25,000, but which appear beautifully in 
the diagrams of Brown14 for polyethylene. Brown's work actually shows a 
stretched section of one of the thin films which exhibits how the crystallites 
were made to flow out of the spherulitic sections when the system was 

12 C . W . Bunn and T. C . Alcock, Trans. Faraday Soc. 41, 3 1 7 ( 1 9 4 5 ) . 

13 S . W . Hawkins and 11. B. Richards, J. Polymer Sei. 4, 5 1 5 ( 1 9 4 9 ) . 

14 A. Brown, J. Appl. Phys. 20, 5 5 2 ( 1 9 4 9 ) . 
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F IG . 7c. Electron micrograph of polyhexamethylene adipamide film showing 
spherulite clusters of crystalline phase. Original magnification, ΙΟ,ΙΟΟΧ. 

oriented. Also, in the linear polyamides, (in a series of electron microscopic 
studies by C. J. Calbick of the Bell Telephone Laboratories), thin films 
could be cast on water from cresol or formic acid solution, which then 
crystallize as the solvent evaporates and grow beautiful spherulites. Fig. 
7b shows how these aggregate in polyhexamethylene sebacamide, and Fig. 
7c is for the familiar nylon 66. In Fig. 7d appears a section of the film of 
polyhexamethylene adipamide which was stretched in the beam of the 
electron microscope. These spherulites can easily be seen to appear to 
flow continuously into the matter drawn out adjacent to them. Perhaps 
submicroscopic crystallites are being reoriented as the spherulites are 
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F IG . 7d. Electron micrograph of partly drawn film of polyhexamethylene adipa-
mide showing distortion of spherulites by fibering. Original magnification, 3760X. 

subjected to tension around them, and this is the basic step in the large 
strain rheology of microcrystalline polymers. 

The crystallites and their aggregates, the spherulites already shown to 
be strongly affected by polymer deformation, are nevertheless largely 
connected by more or less disordered chains. These disordered chains always 
tend to pull out so that their long axes eventually line up in the direction 
of, say, a uniaxial stress. I t is therefore important to know how the arrange-
ments of the long chain axis (c-axis in the crystallites) take place in the 
crystallite. I n this way, some idea of the transmission of stress from the 
disordered continuum to the crystallites and spherulites can be gained. 
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The recently discovered principles of spiral growth of crystals generally 
seem also to apply to polyethylene, at least, 1 5 , 16 and probably to poly-
amides and others.16 A consequence of this finding was anticipated in an 
extensive study of the mechanism of crystallization in linear polymers 1 7 , 1 8: 
it caused a spiral arrangement of long chains into fibrillar crystallites, 
which seems necessary to account for the observed positions of crystal 
cells in single spherulites.1 9 , 20 Such closely coiled helices of crystallites 
then are radii of spherulites, or spherulitic sections. Such is the present 
concept of the chain geometry in the unoriented polymer, on which an 
external stress (or an internal relaxing force) must work. It leads, in accord 
with our earlier postulate, to highly organized motions of chain segments 
along crystal planes and is greatly enriching knowledge of polymer mechan-
ics. Indeed, after the great triumph of the kinetic theory of rubbery elas-
ticity, and even viscoelasticity, based on independent segment movements, 
the new findings about orderly motions are peculiarly complementary. 
Strikingly, they are appearing as the new isotactic polymers provide 
overwhelmingly crystalline plastics. For the first time, there may be 
plastics whose behavior is largely plastic. 

3. PLANAR MOVEMENT IN COLD DRAWING 

Evidence for this motion of whole planes of atoms occurred in early 
studies of the disorientation of polyamide filaments caused by heating.9 

There was selective growth of the X-ray arcs coming from the main equa-
torial reflections, showing that the crystal planes did not go from the 
oriented to the disoriented state all together, but rather with a selective 
ease of gliding. Likewise, examination with a tiny X-ray beam of scattering 
through and on both sides of the neck of a small nylon filament was done 
by Fankuchen and Mark.21 Here it was established by reference to the 
earlier structure studies that planes corresponding to sheets of hydrogen-
bonded chains were first being drawn around so that the ribbonlike sheets 
were in the direction of the uniaxial stress. Similar planar motion was 
observed for various stages in the orientation of cellulose and some of its 
derivatives, as discussed by Sisson.22 Incidentally, the study of Fankuchen 

1 5
 R. Jaccodine, Nature 176, 305 (1955). 

1 6
 E. W. Fischer, Z. Naturforsch. 12a, 753 (1957). 

17
 L. B. Morgan, J. Appl. Chem. 4, 160 (1954). 

18
 A. Keller, G. R. Lester, and L. B. Morgan, Phil. Trans. Roy. Soc. London, Ser. 

A 247, 1 (1954). 
19
 A. Keller, Nature 169, 913 (1952) ; 171, 170 (1953). 

2 0
 A. Keller, Polymer Sei. 17, 351 (1955). 

2 1
 I. Fankuchen and H. Mark, / . Appl. Phys. 15, 364 (1944). 245 at seg. 

2 2
 W. A. Sisson, in "Cellulose and Its Derivatives" (E. Ott, ed.), p. 245 et seq. 

Inter-science, New York, 1943. 
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and Mark also revealed large differences in the crystallinity of their mono-
filament, reflecting variations in the quenching, water annealing and the 
heating during drawing to which it was exposed. The present interpretation 
of crystalline rearrangements in the rheology of drawing emphasizes that 
all these features are important in understanding the force-extension 
behavior of such systems. 

The most striking and intensive probe of the deformations during cold 
drawing has been done for polyethylene. Here it was found that first stages 
of the drawing just beyond the yield region caused an extraordinary 
splitting of X-ray diffraction rings.7 The structure these rings represent 
was pretty well known by the early study of Bunn.23 The inner strong ring 
corresponding to (110) planes, and the outer weaker ones to (200) planes, 
split so that the (200) was readily pulled down to equatorial spots but the 
(110) arcs split further above and below the equator of the diagram.7 

This indicates that the (011) axis is tilted at a very large angle to the direc-
tion of the stress, and yet this is the axis containing the carbon chains of 
polyethylene. Hence the very element of structure most capable of support-
ing the applied stress is, by crystallographic responses to the stress, thrown 
into a position where it is not pulled on. Weaker, van der Waals', inter-
actions in the solid bear most of the external force. This has turned out to 
be a predominant feature of microcrystalline polymer mechanics. Recently, 
detailed studies by Brown,14 and Horsley and Nancarrow24 have emphasized 
the quasimetallic features7 of polyethylene plastic flow. They have shown 
that selective planar glide is achieved on relaxing fully stretched fibers 
from their condition of having the chain axes all parallel to the direction of 
principal stress. Again, the crystallites, disorienting as in the polyamide 
cases noted, do not go through randon rearrangements, but slip back so that 
at an intermediate state the long axes are again largely tilted with respect 
to the principal force axis. However, for polyethylene, this was not found 
on stretching above 95° C , where crystalline anisotropy and probably 
crystal content are drastically reduced. This is strong support for the 
earlier thesis that the mechanics of cold drawing of these microcrystalline 
systems are dominated by crystal planes rather than by the melting of 
crystallites which reform only in the oriented condition. Thus, in general, 
a chain polymer whose crystallites respond in an uneven way to plastic 
flow will have the (1/cO) lattice points off the equator of an X-ray diagram 
instead of lying on it, as simple extension of the chain axis in the direction 
of flow would produce. (110) reflections will not in general be thus split, 
however. 

2 3 C. W. Bunn, Trans. Faraday Soc. 35, 482 (1939). 
2 4 R. A. Horsley and H. A. Nancarrow, Brit. J. Appl. Phys. 2, 345 (1951) ; S. Krimm, 
Phys. Chem. 57, 22 (1953). 
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For polyethylene, (110) and (100) seem, however, to be planes along 
which slip could most readily occur during flow, and where indeed it does 
seem to take place in the latter stages of extension when the chain axes 
are finally in the direction of the force. Correspondingly, on relaxing, 
movement back appears to occur along these very planes. Then, chain 
axes come back again to an intermediate position nearly normal to the 
direction of the original stress. However, the intermediate configurations 
observed for the original pulling before relaxing seem to be caused by some-
thing like crystallite shape or other details such as the nature of the fringes 
between crystalline and amorphous volumes. Also critical for this extraor-
dinary stretching behavior may be the suggestion of Bunn and Alcock,

12 

that molecular orientation will be stepwise and involve some chains at large 
angles to the stretching direction, because in this way a few potential 
barriers at a time can be surmounted. In the case of relaxing, the retractive 
force is provided by the rekinking of rubbery amorphous segments.

9 

Then, since this process often occurs near the melting point of the crystal-
lites, an additional factor may be orientation in which the axis with the 
lowest coefficient of thermal expansion and hence the least sensitivity to 
the effect of external force on melting point, bears the main stress/

4
 This 

would at least put the a axis, with its large coefficient, away from the 
stress direction on stretching at high temperatures. On relaxing, the reverse 
would happen, with this axis parallel to the direction of stretch. 

4. FURTHER CONSEQUENCES OF CRYSTALLINE DISPLACEMENTS 

These various interpretations, and many new and ingenious studies, 
have been critically analyzed by Keller.

25
 Many new aspects are now being 

revealed of mechanical properties of the microcrystalline polymers which 
may clothe (cellulose, polyamides, polyesters, polyvinylidenes, polyacryls, 
poly olefins, etc.), help to shelter (cellulose, polyolefins, etc.) and other-
wise comfort (plastic piping for plumbing, plastic wiring for communica-
tions and power) mankind. No longer are the classical intuitions valid that 
high average molecular weight alone, for instance, sets a high yield strength 
for a fiber-forming system. For small enough filaments, the crystallite ar-
rangement and statistics of stress distribution would be expected to be-
come significant. 

Such an effect, doubtless well-known to all synthetic fiber technologists, 
was observed in our Laboratories by Mr. R. L. Taylor, some years ago, 
for many linear polyesters. For instance, polyethylene sebacate of varying 
weight average molecular weight indicated by the intrinsic viscosity in 
chloroform solution, at 25° C , shown in Fig. 8, showed marked differences 

2 5
 A. Keller, J. Polymer Sei. 15, 31 (1955) ; see also references therein. 
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FIG. 8. Relation of nominal yield stress of filaments of polyethylene sebacate to 
viscosity average molecular weight at different levels of original cross section. 

associated with a twofold variation in original cross section. While the 
yield stress rose regularly with increasing intrinsic viscosity the larger area 
filaments yielded at consistently lower values than the smaller. Presumably 
the probability of crystallite and spherulite arrangements favoring easiest 
planar displacements was greater in the larger diameter specimens. 

For tensile strength, or nominal stress at rupture (Fig. 9), the same 
filaments show little dependence on final cross-sectional area, since now 
they are all highly drawn with crystallites and chain axes "fully" extended. 
Even the molecular weight range covered has only the effect of allowing 
the shorter chain length but more ductile polymer further reduction in 
area before rupture at the characteristic value. Of course, the lowest molec-
ular weight samples drew so highly that their rupture is at high nominal 
stress values. 

However, when various very fine filament sizes of a high molecular 
weight polyethylene sebacate were tested to rupture, similar strikingly 
large effects were found, as in Fig. 10. The areas are again down a factor 
of 10 from those of Fig. 9, and perhaps further reflect the more perfect 
orientation of large draw ratios (easily six- or sevenfold). 

In all cases, the powerful influence of crystallites and cooperative chain 
orientation on flow and plasticity shows up. Each effect concerns some 
super-chain displacements, always contained in a disordered matrix. 
Indeed, under powerful stress, even the noncrystalline chains orient 
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strongly.
26
"

28
 Thus, the very transmission of stress to the crystallite regions 

itself varies. 
These subtle structure changes seem to have drastic effects on the 

mechanics of polymers. This arises because crystallite rotation and planar 
orientation go through such large angles during a simple uniaxial stretch. 
Then, it might be expected, during multiaxial stressing with a two-way 
pull, that occasionally a large stress would meet an arrangement of polymer 
chains where they could be readily pulled apart sideways, i.e. in directions 
normal to their long axes. Now the basic element of the physical properties 
of chain polymers and presumably the source of their amazing utility is 
that the long chain axes contribute great strength. This is either by sus-
taining a stress directly or entangling with many others, so that the stress 
is spread around among primary valence bonds. However, the very element 
of microcrystallinity is that chain segments are not entangled, but rather 
neatly laid out laterally and lengthwise. Hence if forces are brought in to 
meet these chains chiefly normal to their long axes in the crystallites, the 
structure may show fatal weakness. Examples of this will be discussed in 
detail in later sections on stress cracking and brittleness of polyethylene 
and other plastics. 

The import of the present discussion, however, is that the purely crystal-
line rearrangements in the deformation of linear polymers are inadequate 
to account for all of their properties. Indeed, the rather surprising inter-
crystallite (and sometimes intra-) changes sustained by deformed polymers 
emphasize the importance of the disordered phases. Obviously rheology 
of these systems involves more intimate and delicate interaction of crystal 
and liquid mechanics than has been encountered before. While the crystal-
lites are probably also defect structures, and the liquids may have quasi-
crystalline packing, certain characteristic properties of each state persist in 
the presence of the other. Indeed, where such coexistence is practically 
lost, as in some special stereoisomeric polymers recently synthesized, the 
domination of microcrystalline properties seems disastrous. Brittle environ-
mental and impact sensitive qualities appear even in certain poly ethylenes. 

Accordingly, the discussion should turn now to examination of the 
liquidlike or viscoelastic properties of microcrystalline and cross-linked 
polymers. Here, the orderly deformation and movement of relatively 
large arrangements of molecular segments is not expected. Rather, the 
rapid diffusionlike thermal agitation of single chain segments is thought 
to be biased by external stresses. The following paragraphs will attempt 

2 6
 I. L. Hopkins, W. O. Baker, and J. B. Howard, / . Appl. Phys. 21, 206 (1950). 

27
 D. R. Holmes, R. G. Miller, R. P. Palmer, and C. W. Bunn, Nature 171, 1104 

(1953). 
2
8 W. P. Slichter, Polymer Set. 21, 141 (1956). 
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to describe the position of these kinetic effects, which are in contrast to the 
foregoing static structures, in understanding crystalline and cross-linked 
polymers. 

5. SHORT-RANGE DISPLACEMENTS IN POLYMERS 

Linear polymers in which long-range molecular movements are either 
prevented or strongly inhibited by cross-linking, entanglement, partial 
involvement in crystallites, or other bonding arrangements as in glass, 
have certain viscoelastic properties in common. In stress relaxation, they 
are often characterized by a nearly linear relation between stress and the 
logarithm of time over several units of the latter. The early part of a creep 
curve represented by deflection against the logarithm of the time may 
often similarly appear nearly linear. In dynamic tests, in which the mechani-
cal impedance is represented by a spring and dashpot in parallel (Kelvin-
Voigt element) the stiffness of the spring (the dynamic modulus) may 
change only very slowly with frequency over a considerable frequency 
range, as will the product of the frequency and the viscous resistance of 
the dashpot. Since the mechanical loss factor tan δ is the quotient of these 
two slowly changing quantities, it will be fairly constant over some decades 
of frequency change. Specific cases of these phenomena will be adduced 
in the pages to follow. The discussion throughout will be in terms of the 
theory of linear viscoelasticity and deviations from it.

29 

Complete characterization of a material within the range of strains and 
stresses for which the behavior is linear (within which the superposition 
principle is valid) requires that measurements be made in some manner 
over the entire time scale represented by the characteristic relaxation 
times of the material. For long times stress relaxation or creep measure-
ments are ordinarily used, while for short times measurements at audio 

2 9
 The background of the theory of linear viscoelasticity is available in several 

books. An excellent summary of the theory up to 1943 may be found in H. Leader-
man, ''Creep of Filamentous Materials and other High Polymers" (The Textile 
Foundation, Washington, D. C , 1943). A most inclusive discussion of the theory, 
deviations from it, its application to materials, and approximate methods is provided 
by Turner Alfrey, Jr.,

 4
'Mechanical Behavior of High Polymers" (Interscience, New 

York, 1948). A most complete presentation of the linear theory is given in B. Gross, 
"Mathematical Structure of the Theories of Viscoelasticity" (Hermann, Paris, 
1953). The form of distribution function described here has been treated by W. Kuhn, 
Ο. Kunzle, and A. Preissmann [Helv. Chem. Acta. 30, 307, 464 (1947)]. Α. V. Tobolsky, 
B. A. Dunell, and R. D. Andrews [Textile Research J. 21, 404 (1951)] have also dis-
cussed this function in detail. 

Recent summaries of certain aspects of this field are given by Turner Alfrey, Jr. 
and E. F. Gurnee, "Rheology: Theory and Applications," Vol. I, Chapter 11, Aca-
demic Press, New York, 1956; H. Leaderman, ibid., Vol. II, Chapter 1, 1957; Arthur 
Tobolsky, ibid., Vol. II, Chapter 2; and John D. Ferry, ibid., Vol. II, Chapter 11. 
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and supersonic frequencies are required. But generally at ordinary tempera-
tures, the time required for complete relaxation on the one hand, and the 
extreme frequency of mechanical vibration on the other, are not available, 
with the result that only by the artifice of introducing temperature as a 
parameter may a complete analysis be made. The effect of raising the 
temperature is to reduce the relaxation times to such a range that the long 
times become short enough for practicable relaxation tests; or lowering the 
temperature so lengthens them that the shortest of them correspond to an 
attainable vibration period. This procedure is valid for materials in which 
a change of temperature is not associated with a change of structure, such 
as melting of crystallites or dispersion of spherulites. This kind of charac-
terization is complete for but few materials, although many of them show, 
over part of the time range, some of the characteristics mentioned above. 

It has been shown29 that these modes of behavior may be accounted 
for by the assumption of a distribution of relaxation times 

The characteristics of such a distribution have been discussed at length29 

and are well known. We shall not repeat the mathematics, but merely 
state the salient features of the behavior of such a hypothetical material. 
It is assumed that r2 is at least several orders of magnitude greater than ri. 

a. Stress Relaxation 
Stress is extremely nearly although not precisely linear with log time 

within most of the region between t = η and t = r 2. The linear portion of 
the curve (Fig. 11), if extended, intersects the maximum and the zero 
stress lines at log t — (log η — 0.251) and (log r2 — 0.251), respectively. 
If Er(t), the relaxation modulus, is defined as (stress at time t)/strain, 
then dEr(t)/dt = —2.303 Κ is the slope of the linear part of the curve. 

b. Creep 
If we define a relaxation function as 

E(T) = K/r, 

E(r) = 0, τ < ri, r > T2 

Tl < 7 < T2 

ψ(ί) — (stress at time t)/ (stress at time 0) 

and a creep function as 

<p(t) = (deflection at time ^/(deflection at time 0), 

then these two functions are related by the integral equation30 

(1) 

3 0
 I. L. Hopkins and R. W. Hamming, / . Appl. Phys. 28, 906 (1957). 
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F IG. 11. Relaxation and creep functions for "box" distribution of relaxation times, 
η = 10"

5
 and r2 = 10
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It is characteristic of this equation that the only functions ψ(ί) and <p(t) 
of the forms φ(ί) = 1 — f(t) and φ{ί) = 1 + cf(t) which will satisfy it are 
those with f(t) = 0 ; that is, if there were no creep or relaxation at all. 
If the constant c = 1, then ψ(ί) + φ{£) = 2 , which is approximately true 
when ψ(ή and φ(ί) are near 1, but the deviation is quite appreciable when 
ψ(ί) = 0.9 or φ{ΐ) = 1.1. In fact, it appears from a few calculated cases 
that if either ψ(ί) or <p(t) is linear in log t, the approximate identity <p(t) = 
\/yp(t) is a satisfactory representation for a considerably greater range. 

c. Dynamic Modulus 
The dynamic modulus is extremely nearly linear with log ω within most 

of the region between ω! = 1/τ 2 and ω 2 = 1 / n . The linear portion of the 
curve, if extended, intersects the zero and the maximum modulus lines at 
log ω = —log T2 and —log η , respectively. The slope is positive and is 
numerically equal to that of the relaxation curve, 2 .303 K. 

d. Dynamic Viscosity-Frequency Product 
If Τ 2/ΤΙ > 10

6
, it may be shown that within the limits ΩΙ ~ 6 4 / R 2 and 

Ω 2 ~ 1/64ΤΙ , the viscosity-frequency product ωη does not vary more than 
1 % from its maximum value, which occurs at ω = χ/ΐ/τιτ2 · The viscosity 
itself therefore varies very nearly with l /ω in this range. While a tentative 
value of Κ and limits η and r2 may easily be found for any material which 
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FIG. 12. Log relaxation and creep functions and creep asymptote for "box" dis-

tribution of relaxation times, π = 10~
5
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displays any of the behavior mentioned, such a description is usually only 
partial. For example, a stress relaxation experiment may be compatible 
with such a characterization, but this test does not even "see" the shorter 
relaxation times, their effect having vanished even while the initial strain 
was being applied. On the other hand, dynamic data are usually taken with 
relatively short periods and characterize a part of the relaxation spectrum 
which may have quite a different form. It is not surprising, therefore, that 
complete characterizations are not available for many of these materials. 
It is in fact not known whether or not certain of them would ever relax 
completely. Nevertheless, the fact that all the properties mentioned above 
are so often approximated in reality gives this method of analysis and 
simplification a certain qualitative value. 

For purposes of illustration, Figs. 11 to 14 show the curves derived from 
a hypothetical material characterized by the relaxation distribution 

E(T) = 0.4342/r, η < τ < r 2 

= 0 elsewhere 

where η = 10" \ r2 = 10". In Fig. 11 are shown the relaxation and creep 
functions \f/(t) and <p(t), the latter having been calculated by numerical 
solution of the integral equation ( l ) .

3 0
 The asymptote approached by the 

creep function for times greater than r 2 is 11.502 + 2.303 X 10~
4
/; this 

together with the relaxation and creep functions are plotted on a log-log 
scale in Fig. 12. The dynamic functions are plotted against log ω in Fig. 
13, and on log-log coordinates in Fig. 14. 
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II. Polyethylene 

1. DYNAMIC PROPERTIES OF POLYETHYLENE 

The literature on dynamic testing of polyethylene may be separated 
into two major groups; tests in which temperature is the main variable, 
with frequency either being held constant or changing as the change of 
modulus with temperature causes the resonant frequency of the test system 
to vary, and tests in which the temperature is held constant while the 
frequency is varied. The discussion will be in that order; and to bring the 
data to a common basis, Young's modulus is converted approximately 
to shear by dividing by 3, a procedure which will be justified later. 

In the earlier papers, the identified materials were all standard low-
density polyethylenes, and while there were differences between them, the 
picture that emerges is consistent. The later papers will be discussed 
separately. The data presented in the literature are in various forms; 
wherever possible, tabulated data or plots were recalculated to give the 
shear modulus and mechanical loss factors, tan δ. While the accuracy of 
this calculation is not always high, it serves the present purpose. 

Nielsen and Buchdahl,31 Schmieder and Wolf,32 Oakes and Robinson,33 

and Sauer and Kline34 have used free vibration methods, and Thurn35 and 
Wada and Yamamoto36 have used forced oscillations over various tempera-
ture ranges. Figures 15 and 16 show the shear moduli and loss factors, 
respectively. Figure 15 shows consistency among the data, with reasonable 
agreement where the test frequencies are nearly the same, and also demon-
strates qualitatively the "reduced variable"37 effect in the maintenance of 
a high modulus at high frequencies even at the highest temperatures. 
Fig. 16, in which the mechanical loss factor is plotted against log time, 
shows the same consistency, except that the data of Thurn at 2 Mc. and 
the corroborating data of Wada and Yamamoto at 1.46 Mc. show not 
only a displacement to the right on the log time scale (appropriate to the 
reduced variable scheme) but also a different form. Schmieder and Wolf 
attribute the loss peak at circa — 1 0 0 ° C. to amorphous unbranched chain 
parts, that at 5 ° C. to the ' 'constrained" amorphous at the branch points 
of the main chain, and that at + 5 4 ° C. to the crystalline. Oakes and 
Robinson believe the low temperature peak to be possibly associated with 
flexibility in a limited number of main chain-CH2 links. The — 3 0 ° to 

31 L. E. Nielsen and R. Buchdahl, SPE Journal 9, 16 (1953). 
32 K. Schmieder and K. Wolf, Kolloid-Z. 134, 149 (1953). 
33 W. G. Oakes and D. W. Robinson, J. Polymer Sei. 14, 505 (1954). 
34 J. A. Sauer and D. E. Kline, J. Polymer Sei. 18, 491 (1955). 
3 ' H. Thurn, Z. angew. Phys. 7, 44 (1955). 
36 Y. Wada and K. Yamamoto, / . Phys. Soc. Japan 11, 887 (1956). 
37 Α. V. Tobolsky and R. D. Andrews, J. Chem. Phys. 13, 3 (1945). 
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+50° C. range contains signs of multiple loss peak structure, which they 
believe to be frequency dependent and influenced by molecular weight; 
the dispersion region from —60 to + 4 0 is absent from loss curves for 
straight unbranched poly ethylenes, as will be discussed later. The high 
peak at 60-80° C. is attributed by Oakes and Robinson to relatively large 
scale mobility of the polymer chains, enhanced by the onset of melting 
in the crystalline regions. The high modulus throughout the temperature 
range in Thurn's data suggests that at his test frequency, 2 M c , bond-
angle bending is the predominant mode of compliance, with only slightly 
longer range effects coming into play at the higher temperatures. The 
constancy of the loss factor from —70° to +70° C. (within ± 2 5 %) suggests 
that no new major compliance mechanism has come into play. In other 
words no movements large enough to distinguish between branch points, 
crystallites, and amorphous material, have developed in that range. 

Dynamic tests over a range of frequencies, with temperature constant, 
have been made by forced vibration methods by Hillier,

3 8 , 39
 Lethersich,

40 

McSkimin,
41
 Dunell and Dillon,

42
 Mason and McSkimin,

43
 and Philippoff.

44 

The values of shear modulus and the loss factor tan δ are plotted against 
log frequency in Fig. 17. Here again the picture is consistent; and this plot, 
covering a range of 10

12
 c.p.s., shows that polyethylene requires a tremen-

dous range of logarithmic time or frequency to describe its properties. The 
maximum value of shear modulus in Fig. 15 is in excess of 2 Χ 10

10
 dynes/ 

cm/ at 25° C , while the maximum in Fig. 17 is somewhat less than 10 . 
The minimum value is about 10

8
, obtained by Philippoff at 75° C. at about 

10~
5
 c.p.s. As will be discussed later, the minimum in stress relaxation 

obtained by Catsiff et ai.
45
 is about 2 X 10

7
, obtained after 1 hr. at 105° C. 

The range of 10
12
 in frequency in Fig. 17 therefore does not encompass the 

total realizable range of moduli for polyethylene. Philippoff,
44
 utilizing the 

principle of reduced variables, has synthesized a plot in which a frequency 
range of 10

24
 is required to include the measurements he has made on the 

dynamic properties, and even this is not really enough, since in his diagram 
of modulus versus frequency the curve has not leveled off at either end. 
Further, the technique of reduced variables itself, in this case, tends to 
minimize the length of the spectrum of relaxation times. That this is so 
can be shown by the following considerations. 

38
 K. W. Hillier, Proc. Roy. Soc. B62, 701 (1949). 

3 9
 K. W. Hillier, Proc. Roy. Soc. B64, 998 (1951). 

4 0
 W. Lethersich, J. Set. Instr. 27, 303 (1950). 

41
 H. J. McSkimin, Acoust. Soc. Am. 23, 429 (1951). 

42
 B. A. Dunell and J. H. Dillon, Textile Research J. 21, 393 (1951). 

4 3
 W. P. Mason and H. J. McSkimin, Bell System Tech. J. 31, 122 (1952). 

4 4
 W. Philippoff, Appl. Phys. 25, 1102 (1954). 

4 5
 E. Catsiff, J. Offenbach, and Α. V. Tobolsky, J. Colloid Sei. 11, 48 (1956). 
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F IG . 17. Dynamic modulus and loss factor for polyethylene as function of fre-
quency with temperature as a parameter. The numbers in parentheses are literature 
references. 

The concept of reduced variables is predicated on the idea that the effect 
of a change of temperature is to change all relaxation times by the same 
factor;

46
 and this implies that there shall be no structural change associated 

with the temperature change. However, there is a change in the crystalline 
content of polyethylene associated with a temperature change from 25° C. 
to 73° C .

7
'

4 7
 In the dynamic tests at 73° C , the minimum shear modulus 

will be obtained at the lowest frequency of test, and, by the continued 
joining of curves from 25° C. (the usual base temperature), the modulus 
obtained will be ascribed to some lower frequency at 25° C. But the modulus 
is lower than it would have been had the degree of crystallinity not de-
creased at the higher temperature; this low modulus in a material at 25° C. 
would actually have been obtained only at a still lower frequency than 
that deduced by this method. Thus the low end of the frequency scale has 
been telescoped, and Philippoff's estimate of 10

24
 is an underestimate. 

Considering that this accounts only for the decrease of the Young's modulus 
from something under the ultrahigh-frequency high to something over 
10

8
 dynes/cm.

2
, or 3 Χ 10

7
 in shear—a figure corresponding to the stiffness 

of a fairly stiff soft rubber for a period of seconds or minutes—the long-time, 
46
 R. S. Marvin, E. R. Fitzgerald, and J. D. Ferry, Appl. Phys. 21, 197 (1950). 

47
 R. B. Richards, Trans. Faraday Soc. 41, 127 (1945). 
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or low frequency, end of the relaxation spectrum is undefined, and may be 
indefinitely long with the crystallites acting as permanent cross links. 

The gentle positive slope of the log modulus-log frequency curve, and 
the moderate change in the mechanical loss factor over the 12 decades 
covered in Fig. 17 seem characteristic of materials in which long-range 
movements are prevented either by cross-linking, crystallinity, or other 
bonding arrangements, as in glass, which prevent unlimited relative move-
ment of chains. Ebonite behaves similarly over the range from 0.0001 to 
10,000 c.p.s. , 4 0 , 48 and fused quartz at 15° C. has a shear modulus of 3.00 X 
1011 dynes/cm.2 in a static test according to Horton,49 and 3.12 Χ 1011 

at 12 Mc./sec. according to McSkimin.50 

McSkimin and Mason, and McSkimin have measured both the shear 
and longitudinal wave propagation constants for polyethylene in the mega-
cycle region, and have calculated the Lamé constants λ and μ as well as 
their associated viscosities χ and η respectively. They found that at 25° C , 
λ has a value of about 3.0 Χ 1010 dynes/cm.2, and is nearly independent 
of frequency over the 8- to 30-Mc. range, χ is found to be nearly equal to 
77/3, whence the shear and bulk viscosities are about equal.5 3a 

Parks and Richards,51 Weir, 5 2 and Bridgman53 have measured the "static" 
compressibility of polyethylene. Recalculation of their results to a common 
basis gives the following bulk moduli at low pressures, in 1010 dynes/cm.2: 
Parks and Richards, 1.8; Weir, 3.9; Bridgman, 3.5. 

Weir remarks on the discrepancy between his results and those of Parks 
and Richards, and on his agreement with Bridgman. 

From the formulas in footnote 53a. 

Β = λ + 2μ/3 

Since for these "static" tests μ, the shear modulus, is only about 4 Χ 108, 
Β is very nearly equal to λ. Then, using the mean of the results of Weir 

48 R. L. Wegel and W. Walther, Physics 6, 141 (1935). 
4 9 F. Horton, Phil. Trans. Roy. Soc. London, Ser. A 204, 407 (1905). 
5 0 H. J. McSkimin, J. Appl. Phys. 24, 988 (1953). 
61 W. Parks and R. B. Richards, Trans. Faraday Soc. 45, 203 (1949). 
6 2 C. E. Weir, J. Research Natl. Bur. Standards 46, 207 (1955). 
6 3 P. W. Bridgman, Proc. Am. Acad. Arts Sei. 76, 71 (1948). 
6 3a The relation between the elastic constants is 

Β = Vs(S\ + 2μ) 

where Β is the bulk modulus. If η Β is the bulk viscosity, then 

VB - H(3 X + 2η) 

Substituting 3χ = η, 

VB = η 
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μ Ε/μ 

10
7 

3.000 
10* 2.997 
10

9 
2.967 

10
10 

2.75 

The assumption of a ratio of 3 for Ε/μ is then justified, with an error 
of 1 % at μ = 10

9
, and 8 % at 10

10
. 

The only study of dynamic compressibility of polyethylene is that of 
Philippoff and Brodnyan,

54
 who worked in the range of 0.0003 to 5 cycles 

per second, and from —24° to +95° C. Their tentative conclusion is that 
the bulk modulus has no imaginary component. 

Taylor
55
 measured the stress-strain behavior of polyethylene in a single 

compression pulse of about 17 msec, by means of a Hopkinson bar. He 
found that the effects observed in his experiments could be accounted for 
by the assumption of a single Maxwell element with a modulus of 2 Χ 10

9 

dynes/cm.
2
 and a relaxation time of 1.7 msec. 

Kolsky
56
 has performed similar measurements with pulse durations of 

about 20 μββο. At the maximum rate of stress and strain (in the thinnest 
specimen) the Young's modulus was about 10

10
 dynes/cm.

2
 at 21° C. 

The 20^sec. half-wave corresponds to a frequency of 25 k c ; from Fig. 17 
the shear modulus at this frequency as ascertained from steady-state 
dynamic tests is about 2 Χ 10

9
 dynes/cm.

2
, corresponding to a Young's 

modulus of 6 Χ 10
9
 dynes/cm.

2
. More recently, Kolsky

57
 found that if the 

response of the material to sinusoidal stresses over a wide frequency range 
is known, the pulse shapes can be predicted accurately by means of a 
numerical Fourier synthesis; and that where the damping loss is not too 

5 4
 W. Philippoff and J. Brodnyan, / . Appl. Phys. 26, 846 (1955). 

6 6
 G . I. Taylor, J. Inst. Civil Engrs. (London) 8, 486 (1945-1946). 

5 6
 H. Kolsky, Proc. Phys. Soc. (London) B62, 676 (1949). 

67
 H. Kolsky, Phil. Mag. [8] 1, 693 (1956). 

and Bridgman, λ = 3.7 Χ 10
10
 dynes/cm.

2
. This is nearly the same as the 

3.0 Χ 10
10
 obtained by Mason and McSkimin

43
 in the 8- to 30-Mc. range, 

and seems to confirm their observation of the constancy of λ, although 
information at intermediate frequencies would certainly be required before 
the generalization could be fully accepted. 

We are now in a position to assess the error in the original assumption 
that Ε = 36?. From classical elastic theory, 

Ε/μ = (3λ + 2μ)/(λ + μ) = 3 - μ/(λ + μ) 

If λ = 3 Χ 10
10
, the Ε/μ ratio corresponding to various values of μ be-

comes 
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large and is "constant" over a wide frequency range, as it is for many 
polymers, a general solution of the problem can be obtained which gives the 
pulse shape for all such polymers and for all distances of travel. 

Hillier and Kolsky
68
 measured the dynamic Young's modulus of poly-

ethylene filaments at 20° C. and 3 k c , the dynamic strains being super-
imposed on static strains up to 1.37 in./in. After a slight initial decrease in 
the dynamic modulus, it was found to be nearly linear with strain. It was 
5.65 X 10

9
 at zero strain, and 1.72 X 10

10
 at a strain of 1.37. Experiments 

were also made in which the specimen was allowed to relax at a strain of 
1.0; it was found that the change in dynamic modulus during this relaxa-
tion was extremely small. It would seem, then, that the modulus is a 
function of strain (i.e., of configuration) rather than of stress—being, in 
this, reminiscent of birefringence.

59 

The foregoing references have dealt with low density (approximately 
0.92 gm./cc.) polyethylenes. Nielsen

60
 measured the shear modulus and 

logarithmic decrement of six polyethylenes of different densities (0.92-0.96 
gm./cc.) at frequencies of 0.2 to 1 c.p.s. and at temperatures from 25° C. 
to the melting point. He found that for all the materials, and over the 
temperature range studied, the logarithm of the shear modulus is linearly 
related to the specific volume. The loss peak at approximately 60° C , 
shown in Fig. 16, is found to shift along the temperature scale, from a 
minimum of 50° C. for density 0.92 to 70° C. for density 0.95, and a plateau 
rather than a peak is found for density 0.96. The variation in the height 
of the maximum is not great, the limits of the logarithmic decrement 
being 0.8 to 1.0, corresponding to tan δ values from about 0.25 to 0.32. 

Kline and co-workers
61
 have performed similar experiments at frequencies 

from about 100 to 2000 c.p.s., and at temperatures from 80° to 380° K. 
( — 193° to 107° C ) . The three polyethylenes are characterized in Table I. 
They confirm the finding of Oakes and Robinson

33
 that for the unbranched 

material the dispersion region from —50° to 60° C. is almost entirely 
suppressed. The three absorption peaks described by Kline et al. are given 
in Table II. They attribute the a peak to movements of large sections of 
the main chains themselves, which become possible as the crystallites 
begin to melt. The peak tends to shift to higher temperatures as the branch-
ing is decreased, corresponding to the higher and sharper melting points 
of the more highly crystalline materials.

60
 The β peak may arise from the 

onset of diffusional motion of amorphous chain segments containing branch 
points which cooperate with main and side chain groups in this movement. 

6 8
 K. W. Hillier and H. Kolsky, Proc. Royal Soc. B62, 111 (1949). 

5 9
 R. S. Stein, S. Krimm, and Α. V. Tobolsky, Textile Research J. 19, 8 (1949). 

6 0
 L. E. Nielsen, J. Appl. Phys. 25, 1209 (1954). 

61
 D. E. Kline, J. A. Sauer, and A. E. Woodward, Polymer Sei. 22, 455 (1956). 
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T A B L E I 

CHARACTERISTICS OF THREE POLYETHYLENES INVESTIGATED 
BY K L INE AND CO-WORKERS

61 

Type designation 
Characteristic 

A B C 

Methyl groups per 100 carbon atoms 3.2 1.6 <0.1 
Density, gm./cc. 0.915 0.922 0.957 
Crystallinity, % 55 60 —77 
Mn 25,000 32,000 20,000 
Mw 900,000 370,000 150,000 

TABLE I I 

ABSORPTION PEAKS OF THREE POLYETHYLENES INVESTIGATED 
BY K L INE AND CO-WORKERS

61 

Type designation 
Description 

A Β C 

a peak 
Temperature, ° K 355 360 >375 
1/Q, Maximum 0.14 0.17 >0.14 

β peak 
Temperature, ° K 265 280 300 
1/0, Maximum 0.145 0.10 <0.01 

y peak 
Temperature, ° K 165 165 170 
1/Q, Maximum 0.065 0.067 0.08 

The a peak is attributed to the development of segmental motion in 
amorphous areas involving alternate configurations, with cooperative 
movement of amorphous areas in the main chains. 

Baccareda and Butta
62
 have reported the Young's modulus and Q = 

1/tan δ at 20° C. at 9-14 kc. for three polyethylenes varying from 96% 
to 56 % crystallinity, as well as the effect of irradiation on the velocity of 
wave propagation as a function of temperature from —70° to +45° C. 
in a polyethylene originally of 60% crystallinity. Decreasing crystallinity 
is associated with decreasing modulus and increasing tan δ in the unir-
radiated samples. As irradiation increases, the Young's modulus at 20° C. 
goes through a minimum (the smallest reported value of 5 Χ 10

8
 dynes/cm.

2 

not being necessarily the minimum) and tan δ passes through a maximum 
(here 0.6, corresponding to the given value 1.6 for Q). The partly amorphous 
polymers show a transition, independent of amount of crystallinity, at 

62
 M. Baccareda and E. Butta, Polymer Set. 22, 217 (1956). 



396 I. L. HOPKINS AND W. O. BAKER 

about — 24° C ; the sharpness of the transition increases with increasing 
crystallinity. Below the transition point, the modulus appears to decrease 
somewhat with increasing crystallinity. 

2. STRESS RELAXATION IN POLYETHYLENE 

Little has been published on the relaxation of stress in polyethylene, and 
none of that little covers extended periods of time. Tests extending over 
a few decades of time show an approximately linear decrease of stress with 
log time, the rate varying from about 7 to 12% of the original stress per 
unit of log time.

5 8, 63
 Measurements

64
 in compression of a cylinder compressed 

to 50% of its original height over a period of ten days showed similar 
behavior, with a loss of 5.5 % of the initial stress per unit of log time. In 
all these tests except those of Watson, Kennedy, and Armstrong, the 
initial reading was generally made within a second to a minute after applica-
tion of strain; they, however, by means of a spring-loaded weighbar make 
their initial reading in times of the order of 10 msec. At 23° C , their 10-
msec. value of stress at 3.2% strain is about 1100 lbs./in.

2
 corresponding 

to a Young's modulus of 34,400 lb./in.
2
, or 2.4 X 10

9
 dynes/cm.

2
, while 

Catsiff et αϊ.
45
 at 25° C , obtained a first reading of about 1.2 Χ 10

9
 in a 

time of about 50 sec. If the materials under test are fairly comparable— 
and in view of the generally similar behavior of the low density poly-
ethylenes of ordinary properties, as revealed by the foregoing dynamic 
tests, this is to some extent justified—the modulus difference may be taken 
to confirm the dynamic data, indicating that there is no major relaxation 
mechanism between 10 msec, and a minute at 25° C. 

3. CREEP OF POLYETHYLENE 

Creep— the increasing strain at a constant stress—has been variously 
defined,

65, 66
 but here we shall regard it as the total strain, including the 

instantaneous elastic, the viscous (irrecoverable), and the recoverable 
elastic components. In this form, it is most simply expressed, in a linear 
viscoelastic material, as another aspect of the relaxation function. 

It has been shown
30
 that the creep function approaches an asymptote 

which is simply determinable from the relaxation function. The foregoing 
discussion of relaxation leaves little doubt that the longest relaxation 
times are extremely long. The longest creep measurements available

5 

6 3
 M. T. Watson, W. D. Kennedy, and G. M. Armstrong, Appl. Phys. 26, 701 

(1955). 
6 4

1 . L. Hopkins, unpublished data. 
6 5
 H. Leaderman "Elastic and Creep Properties of Filamentous Materials and 

Other High Polymers." The Textile Foundation, Washington, D. C , 1943. 
6 6
 H. Leaderman, Society of Rheology Proposed Nomenclature for Linear Visco-

elastic Behavior, Rept. No. 4, August, 1956. 
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the steady-state viscosity, where \f/(t) is the normalized relaxation function 
and G is the total relaxable shear modulus. The data of Catsiff et αΖ.45 

furnish in this way another lower bound for the total viscosity. While 
the same objections to the use of reduced variables as were adduced in 
the discussion of dynamic testing are applicable here, their use will result 
in a relaxation curve nowhere higher than the true curve at 25° C ; the 
integral under this curve will therefore be less than the true one. Further, 
the effect of a possible unrelaxable modulus of 107, which would result in 
the above integral becoming infinite, can be eliminated by decreasing the 
value of the reduced relaxation modulus by this amount. If this is done, 
the resulting viscosity is found to have a lower limit of 5 Χ 1015 poises. 
At a shear stress of 107 dynes/cm.2 (150 lb./in.2), for example, the ultimate 
rate of strain would then be less than 107/(5 Χ 1015) = 2 X 10~9 per second, 
or 2 X 10~4 per day. This figure is very probably several orders of magnitude 
too high. The ultimate form of the creep curve is thus undetermined, 
although upper bounds of terminal deflection or deflection rate, whichever 
is applicable, have been given. 

Lethersich67 shows that with shear stresses up to 107 dynes/cm.2 (150 
lb./in.2) the initial elastic strain and the primary creep (that is, the total 
deflection less the steady-state creep, if it exists) are linear with stress. 

67 W. Lethersich, Ρ roc. Intern. Congr. Pure and Applied Chem., 11th Congr., Lon-
don, 1947 Vol. V, p. 591 (1953). 

extended over 21,000 hours (875 days) and the rate at the end of that time, 
while slow, was not yet constant, and it appears that in any test of practi-
cable length the steady state would not be attained. If the crystallites act 
as permanent cross links, thus blocking large-scale relative movements 
of molecules, there can indeed be no final steady-state flow, but instead an 
asymptotic value will be approached. It is of interest that neither Catsiff 
et αΖ.45 in stress relaxation nor Philippoff44 in dynamic measurements found 
a modulus lower than 107 dynes/cm.2, their curves in fact showing a tend-
ency to level off at a value of this order or higher. The creep asymptote, 
then, would be at a value of strain corresponding to stress/(£/ œ 107)· 
Another approach to the slope of the creep asymptote may be made by 
estimating the total viscosity of the sample. In dynamic tests, the visocosity 
increases as the frequency decreases, approaching the steady-state viscosity 
as the frequency approaches zero. The highest value at ^ 2 5 ° C.10 is about 
1011 poises, but the form of the curve is such that it must reach or exceed 
1012 in the limit. Still another approach is through stress relaxation curves. 
It is shown30 that the integral 
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F IG . 18. Stress distribution in polyethylene cable core. Outside diameter of poly-
ethylene, % in.; diameter of solid conductor, %
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-

4. EFFECT OF EXTRUSION METHODS ON PROPERTIES OF SOLID POLYETHYL-

ENE 

The effect of fabricating methods upon the state of polyethylene may 
be illustrated by studies by Kortsch

68
 and Geyling

69
 on polyethylene-

sheathed copper conductors. Kortsch measured the magnitude and direction 
of the maximum refractive index in cross and longitudinal sections of 
polyethylene cable sheaths and stated that this index is in the direction 
of orientation of the polymer. He found that in the cross section, the maxi-
mum index is radial at the periphery, passing through a neutral zone and 
then becoming tangential as the copper core is approached. He found also 
that the maximum index in the longitudinal section is longitudinal in 
direction. The magnitude of the maximum index in the cross section was 
strongly influenced by the heating and cooling cycle employed during and 
after extrusion, while that in the longitudinal section was influenced 
particularly by the speed of extrusion. Kortsch used the refractive index 
difference as a measure of stress; Geyling, on the other hand, performed a 
more rigorous analysis and, using the independently determined stress-
birefringence relation for the material in question, determined the stress 
distribution throughout for three cable cores of the same size and of two 
different poly ethylenes. The radial, tangential, and longitudinal stresses 
are the principal ones; they are shown in Fig. 18 for one of the cores, 

68
 W. Kortsch, Kolloid-Z. 133, 91 (1953); 137, 74 (1954). 

69
 F. T. Geyling, unpublished work. 
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which is fairly representative of the three. The most significant fact here 
from the point of view of stress-cracking (as will be shown later) is the 
combination of tensile longitudinal and compressive circumferential 
stress at the surface of the core, since that is the site of both the greatest 
tensile and the greatest shear stress, and is furthermore exposed to the 
action of possible active agents. 

Howard and associates70 have shown that the longitudinal internal 
tension in a polyethylene-covered cable core can be minimized by the 
choice of extrusion parameters. The decrease in length of a three-inch 
length of polyethylene covering as the result of heating in talc at 130° C. 
is taken as a measure of the internal stress. It was found that increased 
speed of extrusion (increased conductor speed) reduces the tension, pro-
vided the diameter of the polyethylene is maintained at the size of the die, 
that is, the conductor speed should not be achieved by slow extrusion 
followed by draw-down in core diameter. Most important of all, it was 
found that if material is held in the heated crosshead of the press, either 
through circulation within the head or artificially by stopping the screw, 
internal tension is increased. These effects all point to some such pheno-
menon as cross-linking or gelation in the polyethylene as a function of 
heating time, even though the effect on the intrinsic viscosity or k' is 
slight. It is possible that so far as these parameters are concerned the 
effect of gelation is counterbalanced by oxidative scission. 

5. EXTRUSION OF LIQUID POLYETHYLENE AS RELATED TO POLYMER 

STRUCTURE 

The stress and the strain rate of molten polyethylene are not linearly 
connected except at low strain rates.71 Further, the material itself under-
goes structural changes as a result of heating. These two effects will be 
considered in relation to the extrusion of molten polyethylene. Tordella72 

has studied the extrusion of polyethylene and other melts from a capillary 
rheometer, and given special attention to the conditions at which the 
extrudate begins to show deviations from the cylindrical. He concludes 
that there is a critical shear stress at and beyond which the emerging 
stream becomes irregular in shape. Spencer and Dillon7 2a observed this 
phenomenon in polystyrene melts, and concluded that the onset of the 
deviations corresponds with the excess of a minimum shear stress at the 
capillary wall. Thus they agree with Tordella that stress is the determining 
factor. Bagley,7 2b who succeeded in eliminating the length-to-radius ratio 

7 0
 J. B. Howard, J. D. Cummings, and V. L. Lanza, unpublished work. 

7 1
 W. PhilippofT and F. H. Gaskins, J. Polymer Set. 21, 205 (1956). 

72
 J. P. Tordella, J. Appl. Phys. 27, 454 (1956). 

7 2a
 R. S. Spencer and R. E. Dillon, J. Colloid Sei. 4, 241 (1949). 

7 2b
 Ε. B. Bagley, Appl. Phys. 28, 624 (1957). 
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TABLE I I I 

INTRINSIC VISCOSITY OF POLYETHYLENE DETERMINED I N XYLENE AT 8 5 ° C . 

(After Wentz7 5) 

Sample treatment Intrinsic viscosity 
M 

Interaction coefficient 
k' 

As received 0.963 0.403 
Under pressure at 265°F. 

M hr. 0.965 0.418 
4 hr. 0.963 0.427 

Under pressure at 400°F. 
H hr. 0.967 0.422 
4 hr. 0.970 0.453 
8 hr. 0.975 0.465 

as a factor in the shear stress versus shear rate curves by the use of an end 
correction which is a function of the shear rate, supports Tordella to the 
extent that both believe the critical event at the inception of roughness of 
extrudate occurs just before the polymer enters the capillary. Westover 
and Maxwell,73 on the other hand, find that their data agree with the con-
cept that the appearance of irregularity is associated with a critical Q/D 
ratio, where Q is the volume rate of flow and D the diameter of the capillary. 
Since for a Newtonian fluid of given viscosity the Reynolds number is pro-
portional to Q/D, and the inception of turbulence in such a case is coinci-
dent with the attainment of a certain Reynolds number, it is concluded 
that the irregularity is a phenomenon of turbulence. In this view they con-
cur with Nason,7 3a who associated the roughness and waviness of his melts 
of cellulose acetate, polystyrene, and polyvinyl resin plastics with Reynolds 
numbers above 800 to 1000. 

The same data cannot support both points of view;74 and even though the 
theoretical idealizations of the viscoelastic behavior of the material in 
the test apparatus are probably far from the fact in both cases, it should 
be possible to establish experimentally the domain within which each 
theory is operative. 

A complicating factor in measurements of this kind is the change in 
the structure of the polyethylene if it is held too long in the rheometer at 
high temperatures. In one series of tests75 intrinsic viscosities were deter-
mined in xylene at 85° C , after the material was held in a mold under 

7 3 R. F. Westover and Bryce Maxwell, SPE Journal 13, 27, August (1957). 
7 3a H. K. Nason, J. Appl. Phys. 16, 338 (1945). 
7 4 M. Reiner, "Deformation and Flow," p. 304. Interscience, New York, 1949. 
7 6 R. P. Wentz, unpublished work. 
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T A B L E IV 

MELT INDEX OF POLYETHYLENE AS A FUNCTION OF EXCESS T IME TN MELT INDEXER 

(After Cummings and Lanza
76
) 

Time, min., in excess Melt index, gm., Time, min., in excess Melt index gm., 
of prescribed 5 min. in 10 min. of prescribed 5 min. in 10 min. 

3 0.314 30 0.207 
6 0.296 36 0.195 

12 0.268 42 0.1S5 
18 0.23S 48 0.180 
24 0.220 54 0.173 

pressure for 34 hr. and 4 hr. at 2 6 5 ° F. and for 34> 4, and 8 hr. at 400° F. 

The results are given in Table III. 
Another result,

76
 probably of greater pertinence here, was obtained by 

letting polyethylene stand in a melt indexer
77
 for varying lengths of time 

in excess of the five minutes specified. The melt index (inversely related 
to the viscosity) as a function of excess time, at 190° C , is given in 
Table IV. At the beginning of this table, the apparent viscosity is increasing 
at the rate of 2 % per minute, a rate which can be of considerable concern 
in studies of extrusion. 

6. FLOW PROPERTIES OF UXMELTED POLYETHYLENE IN BULK 

While extrusion of polyethylene at ordinary temperatures is extremely 
difficult and not practical technologically, the limiting pressures at which 
flow occurs may be important. An illustration of the flow pattern obtained 
at 108° C , together with the apparatus, is shown in Fig. 19. The pattern 
was obtained by photographing, between crossed Polaroids, a longitudinal 
slice of the charge after its removal from the cylinder. Here it is seen that 
there is a considerable amount of dead material in the lower corners, the 
movement taking place within the boundaries of a long funnel-shaped 
path. As any disk of thickness dx descends it may be considered as subject 
to two retarding forces: the first, the vertical component of the force 
normal to the tapered sides of the funnel necessary to compress the material 
to a smaller radius; and the second, the vertical component of the shearing 
force at the boundary between the stationary and moving polyethylene. 
It is considered that a compressive and a shear yield stress are the only 
material parameters which need be considered, and that the compressive 

7 6
 J. I). Cummings and V. L. Lanza, unpublished work. 

77
 Am. Soc. Testing Materials Specification I) 1238-52T. 
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F I G . 19. Left: Diagrammatic cross section of extrusion chamber and die. Right: 
Flow pattern in polyethylene in extrusion chamber. The bottom edge of the picture 
coincides with the plane χ = 0. 

is twice the shear.78 These considerations lead to the following differential 
equation : 

-dp/dx = [1 + (dr/dx)2]112 ( L . S . S . ) / r + 2(L.C$.)dr/rdx 

where L . S . S . and L . C . S . are the limiting shear and compressive stresses. 
I f we consider that dr/dx is negligible compared to unity in this example, 
and with the approximation that 

r = r0 — ax2 

the equation may be solved to give 

N g g y 

V = / ; ' c t an lT 1 vVo - n)/r0 + 2 ( L . C . S . ) ln (N/N) 

where I is the length of material in the cylinder. 

78 W. P. Mason, unpublished work. 
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At room temperature, the material used had a shear yield stress of 940 
lb./in.

2
, and a compression yield stress of 1880 lb./in.

2
 For the dimensions 

of interest, it was calculated that a pressure of 25 ,400 lb./in.
2
 would be 

necessary for extrusion. It was demonstrated by test that the pressure 
necessary was about 30 ,000 lb./in.

2 

This development is useful in calculating the maximum permissible 
pressure which can be withstood without flow; if the pressure is much ex-
ceeded and flow results, the extrudate is shattered and fragmentary. 

7. MULTIAXIAL STRESSING AND STRESS-CRACKING IN POLYETHYLENE 

Richards
79
 first pointed out the brittleness of polyethylenes under the 

influence of stress in the presence of polar liquids. Hopkins and co-workers
26 

showed that the brittleness is associated with molecular weight, in particular 
with the presence of a low molecular weight fraction, and that the effect is 
correlated with the strain at rupture under biaxial stress. The technique in 
this early work consisted essentially in the rupture of a diaphragm by nitro-
gen under pressure, with photographic measurements of the diaphragm 
configuration and pressure permitting subsequent calculation of stress 
and strain. The use of gas as the pressure medium had the disadvantage 
that in specimens with much cold drawing the attainment of the maximum 
supportable pressure (not coincident with either the maximum stress or 
strain) was followed by explosive rupture, and data beyond this point were 
unobtainable. This was followed by the obvious use of water as the pres-
sure medium, and a summary of the findings, published

26
 and unpub-

lished, follows. 

A specimen from a cable sheath which had failed with a brittle fracture 
was separated into three fractions by extraction with trichloroethylene. 
The biaxial elongations at rupture were: original, 2 4 % ; low fraction, too 
weak to test; intermediate fraction, 2 8 % ; high fraction, 7 3 % . Further, 
the addition of the low fraction to a satisfactory material (strain at rup-
ture, approximately 1 0 0 % ) decreased the strain to a fraction of the orig-
inal. The effect of structure was further demonstrated by comparison of 
quenched and annealed samples: quenched, the material had a lower 
biaxial modulus and stress at rupture, but greater strain, than the annealed. 

A series of polyethylenes, varying insofar as possible only in molecular 
weight, was supplied by the Imperial Chemical Industries Ltd. Stress-
strain and other data are given in Table V. Here the increase in biaxial 
strain with molecular weight is evident, as is the uniaxial; but it has been 
found that generally the former is by far the more reliable indicator of 
propensity to stress-cracking. 

7 9
 R. B. Richards, Brit. Plastics 17, 146 (1945). 
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TABLE V 

STRESS-STRAIN DATA, MELT INDEX, AND SPECIFIC GRAVITY FOR 
A SERIES OF POLYETHYLENES 

Uniaxial tensile Biaxial tensile 

Sample Melt index
77 rupture rupture Specific gravity, 

25°C. 

Stress Strain Stress Strain 

Specific gravity, 
25°C. 

1 0.08 19,000 700 20,200 385 0.9194 
2 0.22 18,830 675 19,600 390 0.9190 
3 0.35 18,000 705 18,250 385 0.9190 
4 1.25 15,900 670 14,300 360 0.9188 
5 8.4 8,050 540 7,Q00 275 0.9166 
6 15.7 8,300 535 6,100 240 0.9162 
7 72. 6,400 145 5,400 155 0.9154 
8 220. 3,800 95 3,400 90 0.9132 

Further information about the relation of structure to physical proper-
ties is afforded by the more recent low-pressure, high-density polyethylenes, 
which are almost completely unbranched. A comparison of one of these 
materials with a high-pressure, low-density polyethylene is instructive. 

Property 
High 

pressure 
Low 

pressure 

Density, gm./cc. 0.918 0.960 
Melt index

77 
0.3 0.6 

Intrinsic viscosity in xylene (95°C.) 1.067 1.757 

Uniaxial stress-strain curves are shown in Fig. 20 with speed of test as a 
parameter. Here the relative insensitivity of the high pressure material 
to speed of test is evident, as well as the very considerable sensitivity of 
the low pressure material. The high value of stress at yield is also note-
worthy in the low pressure polyethylene. It is a function of speed, increas-
ing somewhat as speed is increased. The total strain at rupture at low test 
speeds in the low pressure polyethylene is somewhat greater than in the 
high pressure polyethylene, and is accompanied by a great deal of fibering; 
some of the specimens split lengthwise spontaneously at rupture, while 
all samples of both low- and high-pressure materials may be split with a 
fibrous fracture if a split is started with a razor blade. The highly drawn 
part in the (uncolored) low pressure material resembles white satin. This 
is in contrast again to the high pressure material where the highly drawn 
part becomes smooth and transparent even though highly ordered. The 
satiny look is probably due to scattered light from separated fibers; that 
such separation must occur is shown by the density changes during elon-
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F IG. 20. Uniaxial true stress versus strain curves for high pressure (A) and low 
pressure (B) polyethylenes, with speed of test as a parameter. The numbers in pa-
rentheses are the speed of the testing machine, in inches per minute. The gage length 
of the specimens was 1 in. 

TABLE VI 

EFFECT OF TEST SPEED ON DENSITY OF DRAWN H IGH- AND 
LOW-PRESSURE POLYETHYLENES 

(After Hopkins6 4) 

Material 
Speed of test, 

in./min. 
Density, gm./cc. 

Initial After test 

High pressure 20 0 .9181 0 .9176 
High pressure 0 . 5 0 .9181 0 .9181 
Low pressure 10 0 .9604 0 . 7 5 
Low pressure 0 . 5 0 .9604 0 .8476 

gation, as illustrated in Table VI by measurements at the most highly 
drawn sections. 

Biaxial stress-strain curves are shown in Fig. 21. Here the greater stiff-
ness of the low pressure material is again evident; the sensitivity to speed 
has decreased, and the strain at rupture has decreased, as compared with 
the uniaxial case, from somewhat greater than that of the high pressure 
polyethylene to less than half as much. This biaxial "shortness" again 
correlates with susceptibility to stress cracking, for the low pressure mate-
rial may crack in a few minutes or hours under stress and environmental 
conditions where a high pressure material would survive indefinitely, and 
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F IG. 21. Biaxial true stress versus strain curves for high pressure ( A ) and low 
pressure (B) polyethylenes, with time of test to rupture (in parentheses) as a param-
eter. 

indeed the low pressure materials may fail under the stress conditions alone 
where the other will survive under the effect of a vigorous surface active 
agent. A number of factors are probably effective here to a yet unknown 
degree. The higher elastic moduli of the more crystalline material cause 
it to be under greater stress for a given strain, and the stress-cracking 
tests are made with fixed strain. The degree to which molecular weight 
and its distribution are correlated with stress cracking susceptibility can-
not be known until they themselves are reliably known, relatively if not 
absolutely. 

Further examples of biaxial stress-strain properties of crystalline poly-
mers are given in Figs. 22 and 23. Curve A of Fig. 22 is especially interest-
ing, and shows stress and strain at rupture of polytetrafluoroethylene at 
extraordinarily low levels. There was no sign of cold drawing, even though 
the same material, tested uniaxially, stretched to several times its original 
length before it broke. Neither was the rupture brittle; the failure was 
actually a progressively increasing porosity, a de-sintering in effect, per-
mitting the water under the specimen to pass through and be thrown off 
as a fine spray. Curves Β and C illustrate the effect of the degree of crys-
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F IG. 22. Biaxial true stress versus strain curves for polytetrafluorethylene, amor-
phous and crystalline polytrifluorochloroethylene, and polyvinyl chloride. K EY: A , 
polytetrafluoroethylene; B, amorphous polytrifluorochloroethylene; C , crystalline 
polytrifluorochloroethylene; D, polyvinyl chloride. 
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F IG. 23. Biaxial true stress versus strain curves. K EY: A , polyhexamethylene 
sebacamide (a nylon); B, polyethylene terephthalate. 

tallinity on the stress required for cold drawing of polytrifluorochloro-

ethylene. (Specimen C was not stressed to rupture.) Specimen D is an 

unplasticized polyvinyl chloride. While the crystallites are poorly developed 

in this specimen, it still showed by X-ray examination evidence of planar 
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displacements. In Fig. 2 3 , the great strength and stiffness of the originally 
somewhat oriented polyethylene terephthalate and the ductility of the 
nylon are both strongly reflected in the biaxial stress-strain curves. Ap-
parently, the crystallite deformations studied in greater detail for poly-
ethylene also have a strong influence here. Naturally a deeper understanding 
of these effects is important to improvements in bursting strengths, film 
strengths generally, and other structural uses of these important plastics. 

III. Hard Rubber: A Highly Polar, Cross-linked Polymer 

Natural rubber, mixed with sulfur and heated, undergoes cross-linking. 
If the mixture contains about 2 % sulfur, a product representative of the 
"gum rubber" type is obtained. As the quantity of sulfur is increased to a 
maximum of 3 0 % or thereabouts, the product changes to a polymer which 
is rigid at room temperature. This is hard rubber, and in this simple form 
is sometimes called

 ί <
ebonite.

, ,
 The amount of included sulfur actually 

participating in cross-linking varies according to the vulcanization time 
and temperature, and is seldom or never total. Since the total quantity of 
sulfur may be varied, and the proportion of this which participates in the 
cross-linking is also variable, hard rubber, even in the absence of other 
ingredients, is not a specific compound, but merely a relatively highly 
cross-linked rubber, with considerable variation possible in the amount of 
cross-linking. In the discussion to follow, therefore, it must be remembered 
that different experimenters were not working with precisely the same 
material. 

1. DYNAMIC PROPERTIES OF HARD RUBBER 

Lethersich
40
 and Wegel and Walther

48
 have made dynamic tests on hard 

rubber in shear at room temperature. Lethersich used a range of frequen-
cies from 0.0001 to 6 1 5 c.p.s. Over this range, the dynamic modulus in-

TABLE VII 

DYNAMIC PROPERTIES OF HARD RUBBER AT 10 KC 
(After Wegel and Walther

48
) 

Property Value 

G (shear modulus) 1.15 Χ 10
10
 dynes/cm.

2 

η (shear viscosity) 4060 poises 
Ε (Young's modulus) 3.35 Χ 10

10
 dynes/cm.

2 

η Ε (longitudinal viscosity) 10600 dyne sec/cm.
2 

Β (bulk modulus) 1.27 Χ 10
11
 dynes/cm.

2 

η Β (bulk viscosity) 8360 dyne sec/cm.
2 

λ (Lamé constant) 1.19 Χ 10
11
 dynes/cm.

2 

χ (Lamé constant-viscositj') 5650 dyne sec./cm.
2 

ν (Poisson's ratio) 0.46 
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creased gradually from 8.1 X 109 to 1.01 X 1010 dynes/cm.2; the viscosity 
decreased, the log viscosity versus log frequency line having a slope of 
—0.96. From Wegel and Walther's data at 10 kc./sec. we find a shear 
modulus of 1.15 X 1010 dynes/cm.2 and a viscosity of 4060 poises, which 
are quite compatible with Lethersich's findings. In addition to the shear 
characteristics, Wegel and Walther made longitudinal measurements, per-
mitting the calculation of Young's modulus and its associated viscosity, 
and also, by combination with the shear properties, the bulk modulus and 
viscosity. At 10 kc./sec, these values are summarized in Table VII. The 
bulk modulus in static tests is reported80 as 6-7.8 X 1010 dynes/cm.2. 

2. CREEP PROPERTIES OF HARD RUBBER 

Lethersich also gives a creep curve for hard rubber over three decades 
of time, from 0.001 to 1 sec. The creep is linear with log time; the increase 
is about 5.6 % per decade. 

Kobeko et al.81 measured the creep and creep recovery of hard rubber 
in torsion at temperatures of 60° to 150° C. They found that the creep 
approaches an upper limit, which appears to correspond to a shear modulus 
of 5 X 107 dynes/cm.2, regardless of temperature. The difference between 
the highest measured creep value and the deflection after recovery were 
used to calculate the viscosity of the rubber; but the difference was very 
small and the method was considered unreliable, yielding only a lower 
bound (1016 poises at 25° C , 1011 at 150° C ) . They found that a change of 
10° C. is associated with a change in rate of creep of about 100; the total 
viscosity should change in the same ratio.82 This would correspond to a 
change of 1025 between 25° and 150° C , rather than the 105 ratio shown 
in their plot of lower limits. 

Conceptually, it is in error to suppose that this method of finding the 
total viscosity can be applied to a material with an unrelaxable compo-
nent in the modulus. In the simplest case, let us suppose that the material 
may be characterized by an unrelaxable modulus Gi and another, G2 with 
a relaxation time r. Then the relaxation modulus is Gi + G2e~i / r. If we 
define G as the total modulus, Gi + G2, then 

((?! + G2e~t,T)/G = ψ(ί), 

the relaxation function. The creep function corresponding to this can be 
shown to be30 

φ(ί) = [G- (G- Qàe-{ai%lwyOi 

80 L. H. Adams and R. Ε. Gibson, / . Wash. Acad. Sei. 20, 213 (1930). 
" P. Kobeko, Ε. Kuvshinskii, and G. Gurevich, Tech. Phys. U. S. S. R. 4, 622 

(1937). 
« 21. L. Hopkins, Appl. Phys. 24, 1300 (1953). 
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0.020, 
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LOG T I M E IN S E C O N D S 

F IG . 24. Master creep curves for hard rubber, constructed from graphs of Kobeko 
et α/.

81 

If a load is applied for a time t\ and then released, the deflection for 
t > k , using the superposition principle and letting λ = G\/GT , is 

Defl. = <p(t) - <p(t - *i) = Q i ° ~ ^ ^ ^ M L O ) / ^ 

= ((? — G1)e-
u
(e

Ul - 1)/Gi 

which approaches zero as t approaches infinity. This is in contrast to a 
completely relaxable material. Suppose such a material with a creep func-
tion φ(ή. Then, if a load is applied at t = 0 and released at t = h , the de-
flection at t > ti is 

Defl. = <p(t) - <p{t - h). 

For values of t < (h + T), where Τ is of the order of the greatest re-
laxation time, the deflection is a function of t. At greater times, <p(t) ap-
proaches the asymptote30

 (a + bt), and the deflection approaches (a + bt) — 
[a + b(t — ti)] = Mi. Since b is a function of the total viscosity, the vis-
cosity may be calculated from the residual deflection. 

The creep curves of Kobeko et al.
sl may be used (by translation along the 

log time axis) to obtain a reduced creep function.83 The resulting curve is 
shown in Fig. 24. The important part of the retardation occurs in about 
6 units of log time, in contrast to the soft rubber examined by the same 
authors, which required about 12 units. The modulus at the beginning of 
these curves is 5 Χ 109 dynes/cm.2; at the end, the curves approach a 
modulus of 5.6 Χ 107. For the soft rubber, the modulus progresses from 
3 Χ 108 to 8 Χ 106 dynes/cm.2. Much more extreme movement of larger 
molecular segments is possible and necessary in the soft rubber than in 
the hard before equilibrium can occur; this may account for the much 
greater time range in the former. 

8 3
 Α. V. Tobolsky and H. Eyring, J. Chem. Phys. 11, 125 (1943). 
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F IG . 25. Stress relaxation in torsion in commercial hard rubber, reduced to 25°C. 

3. STRESS RELAXATION PROPERTIES OF HARD RUBBER 

The stress relaxation modulus in shear for a commercial hard rubber 
rod,64 reduced to 25° C , is shown in Fig. 25. The viscosity is equal to 30 

f [G(t) - GJ dt 

where Gi , the unrelaxed modulus, is actually negligible over the time t 
over which the integral is taken. By numerical integration the value 
η = 6.7 Χ 1018 poises was obtained at 25° C. 

Creep in compression has also been measured on a lightly cross-linked 
ebonite64 designed particularly for high impact strength and wear resist-
ance. The results are shown in Fig. 26. The viscosity at 50° C , correspond-
ing to the slope at the later part of the curve, is 2 Χ 1014 poises; if the same 
conversion factor be applied as before this amounts to 2 Χ 1019 poises at 
25° C. (Even if an unrelaxable modulus of the order of 5 Χ 107 dynes/cm.2 

exists, it will have no appreciable influence on the shape of the creep curve 
at this point. This may be seen by differentiating the previously given 

<p(t) = [G - (G- Gi)e- ( G l l / ö r )]/Gi 

with respect to time 

φ'(ί) = (G - G^/G^e-^^/G, 

~6-(Gli/GT)/r, 

G - Gi ~ G1 

since 
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F IG . 26. Creep in compression of commercial hard rubber at 5 0 ° C . 

When Git/Gr < 0.01, as it is in the early stages of creep, the exponen-
tial term is nearly unity, <p'(t) ~ 1/r, which is the value it would have if 
the unrelaxable modulus Gi did not exist. 

IV. Polyamides: Polar Chain Polymers Examined for 
Both Long and Short Range Behavior 

A remarkable combination of microcrystalline behavior discussed earlier 
for simple hydrocarbon chains and highly associated (sheetlike) cross-
bonding (not chemical cross links, but strong hydrogen bonding in sheets) 
of polar groups endows the linear polyamides with a dazzling spectrum of 
mechanics. With their amide linkages forming analogues to the peptides 
of proteins, the mechanical tissue of animal life—the nylons are deeply 
interesting archetypes of polymer versatility. Indeed, the polar groups may 
be substituted

7
 '

8 4
 or distributed

85
 so that properties from the softest rub-

ber to the hardest plastic can be produced at the same temperature. Thus, 
an understanding of the basic rheology of these microcrystalline solids 
apparently applies to most other polymer systems. We have accordingly 
chosen to review particularly the studies of this family. 

Writers on nylon have experimented with both single filaments and yarns. 
Since the characteristics of the yarn structure may be involved in test 

8 4
 W. O. Baker and C. S. Fuller, J. Am. Chem. Soc. 65, 1120 (1943). 

8 6
 W. O. Baker and C. S. Fuller, J. Am. Chem. Soc. 64, 2399 (1942). 
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results, only the work on single filaments or solid material will in general 
be reviewed here. 

1. DYNAMIC PROPERTIES OF POLYAMIDES 

a. Free Oscillations in Polyamides 
Free oscillations in torsion have been used by several workers, and 

forced oscillations, either in torsion, bending, or longitudinally, by several 
more. Early workers generally tested under a single set of conditions; only 
more recently has the effect of water content or other conditioning been 
investigated. Nylon presents in a high degree the slow quasi-linear change 
in dynamic properties with log frequency discussed in the first section of 
this review, and some measurements over short ranges of frequency were 
interpreted as confirming the constancy of the dynamic modulus and loss 
factor; but the assembly of data over as wide a range of frequencies as 
possible on a single plot, or the data on a single material over a wide fre-
quency range as reported by Fujino et αΖ.86 show that there is a slow change, 
accountable for by approximate "box" or "wedge" 87 distributions of re-
laxation times extending beyond all times or reciprocal frequencies so far 
measured. 

Schmieder and Wolf32 measured the shear modulus of ten nylons at 
~ 1 to 10 c.p.s. by free torsional vibrations, over the temperature range 
— 160° to ^ 2 0 0 ° C. The materials were: polycaprolactam, polycapryl-
lactam, polyaminoundecanoic acid, polyadipic acid hexamethylenediamine, 
polypimelic acid hexamethylenediamine, poly suberic acid hexamethylene-
diamine, polysebacic acid hexamethylenediamine, polydecanedicarboxylic 
acid hexamethylenediamine, polymethyl pimelic acid hexamethylenedia-
mine, polysebacic acid ethylenediamine. 

The results are given as plots of modulus and logarithmic decrement 
against temperature. All curves show two low dispersion regions, at about 
— 120° and — 5 0 ° C. There is also an especially marked dispersion region 
at about + 5 0 ° C , which differs in strength and form with the material. 
Finally, at the end of the curves at about 2 0 0 ° C , there begins a dispersion 
region, only the beginning of which could be determined, but which ob-
viously had a different and characteristic form for each material. All had 
a shear modulus of 2 - 3 Χ 1 0 1 0 dynes/cm.2 at — 1 6 0 ° C , with a gradual 
decrease to the approximately + 5 0 ° C. dispersion region, where a steeper 
decrease occurred. Perhaps the most important generalizations to be made 
from the curves are that they are very similar in form, and that they are 
sensitive to the degree of anneal or quenching as evidenced by the measure-
ments on the ninth specimen above. Schmieder and Wolf have discussed 

8 6
 K. Fujino, H. Kawai, and T. Horino, Textile Research J. 25, 722 (1955). 

8 7
 Α. V. Tobolsky, J. Am. Chem. Soc. 74, 3786 (1952). 
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very thoroughly the differences in behavior in terms of differences in struc-
tures. The original paper should be consulted if detailed treatment is de-
sired. 

Speakman and Saville88 made free torsional vibration experiments on a 
6-6 nylon. The frequency is not given. The shear modulus of dry nylon 
was found to be 0.89 X 1010 dynes/cm.2, which agrees with Schmieder and 
Wolf's results at 25° C. If the modulus of dry nylon is taken as unity, the 
rigidity decreases as the moisture content is increased, to about 0.37 at 
100% r.h. 

Lochner89 reported measurements on an unidentified nylon in bending 
and torsion, the frequency, atmospheric, and drawing conditions not 
being given. He found the Young's modulus to be 3.5 X 1010 dynes/cm.2 

with log dec. = 0.491 (tan δ = 0.156) and the shear modulus to be 2.61 X 
1010 dynes/cm2 with log dec. = 0.458 (tan δ = 0.146). 

Hammerle and Montgomery90 used free torsional vibrations, of a period 
between 50 and 400 sec, on drawn nylon 6-6 filaments at 65 % r.h., 70° F., 
and also made stress relaxation measurements in torsion and extension 
over a coincident time range. The dynamic modulus, as calculated from 
the stress relaxation on the assumption of a "box" distribution of relax-
ation times, was within 3% of the measured value; damping was within 
13%. The stress relaxation curves in tension and torsion were not of the 
same form, and this was attributed to the anisotropy of the drawn filaments. 

Meredith91 also used a torsion pendulum, with a period of 4-9 sec. at 
65% r.h., 20° C. The modulus found for two unspecified nylon filaments 
were 5.3 Χ 109 and 4.9 Χ 109 dynes/cm.2 

b. Forced Oscillations in Polyamides 
Ballou and Silverman92 found Young's modulus at approximately 10 kc. 

on unidentified drawn and undrawn nylon at 60% r.h. at 70° F., with the 
degree of static elongation, upon which the dynamic strain was super-
imposed, as a parameter. Their findings were: 

Drawn nylon Undrawn nylon 

Elongation , Young's modulus, Elongation, Young's modulus 
per cent dynes/cm.

2 
per cent dynes/cm.

2 

0 6 Χ 10
10 

0 2 Χ 10
10 

8 1.5 Χ 10
11 

250 1.1 X 10
11 

Lyonsyd studied Young's modulus and the associated viscosity from 
8 8
 J. B. Speakman and A. K. Saville, J. Textile Inst. 37, Ρ 271 (1946). 

8 9
 J. P. A. Lochner, J. Textile Inst. 40, T229 (1949). 

90
 W. G. Hammerle and D. J. Montgomery, Textile Research J. 23, 595 (1953). 

91
 R. Meredith, / . Textile Inst. 45, T489 (1954). 

92
 J. W. Ballou and S. Silverman, / . Acoust. Soc. Am. 16, 113 (1944). 

9 3
 W. J. Lyons, Textile Research J. 19, 123 (1949). 
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65-360 c.p.s. and at 21-25° C. on nylon filaments. A dynamic strain of 0.3 % 
was superposed on a static tension of 8.5 X 108 dynes/cm.2. He found that 
over the frequency range both the modulus and the loss factor were sub-
stantially constant; the ratio of the dynamic modulus to the static was 
1.86. The dynamic modulus was 8.0 X 1010 dynes/cm.2, and the loss factor 
0.033. In a later analysis,94 Lyons found that the internal friction could be 
represented equally well, in its frequency dependence, by 

μ = [μ2/(1 + ω 2τ 2

2)] + μ3 , 

with suitable choice of the parameters, and 

μ = 2.47 Χ 109/ω. 

Other more recent studies, over a vastly increased frequency range, have 
shown that the second expression is phenomenologically more acceptable; 
the first, while satisfactory over a limited range of frequency, must fail 
at higher or lower frequencies. Much the same may be said of the formulas 
for cyclic loss by Eyring et al.

95 Longitudinal measurements of energy 
absorption were made at room temperature and at others between 0 and 
65° C , on monofils of 6-6, 6-10 and 2-Me-66 nylon cold drawn 600%. 
The frequency of the vibration was from 0.058 to 5.8 c.p.s. at room con-
ditions, and between 0.35 and 5.8 at the others. It was found that the 
nearly constant cyclic energy absorption in the three materials over this 
range could be accounted for by two relaxation mechanisms which were 
invariant in their relaxation times, η and r2 being equal to 0.266 and 0.0274 
sec, respectively. These times result in two peaks at frequencies 0.598 
and 5.79 c.p.s. Since other parameters were chosen to make the peaks of 
equal altitude, their sum is relatively constant between 0.598 and 5.79 
c.p.s., but approaches zero on each side, contrary to later experimental 
evidence. Fujino et αί.,96 for example, have shown that a long continuous 
spectrum, (or alternatively a spectrum of many discrete times), is required 
for adequate description of nylon; it is manifest that the approximate 
representation of the data of Eyring et al. by only two relaxation mech-
anisms is possible only because of the restricted frequency range, and that 
the relaxation times ascribed to the mechanisms are associated with the 
test frequencies rather than with any special characteristics of the nylons. 
The conclusion that "the consistent usage of the relaxation times η and 
r2 implies that the stress response of all three fibers is similar" can now be 

9 4
 W. J. Lyons, J. Appl. Phys. 21, 520 (1950). 

9 6
 H. Eyring, M. G. Alder, S. A. Rossmassler, and C. J. Christensen, Textile Re-

search J. 22, 223 (1952). 
9 6
 K. Fujino, H. Kawai, T. Horino, and K. Miyamoto, Textile Research J. 26, 

852 (1956). 
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TABLE VIII 

DYNAMIC PROPERTIES OF UNDRAWN NYLON 6-6 

(After Mason and McSkimin43) 

Temp., °C. Frequency, 
Mc./sec. 

Shear Longitudinal 

Temp., °C. Frequency, 
Mc./sec. Modulus, 

μ Χ ΙΟ"10, 
dynes/cm.2 

tan δ 

Young's 
modulus, 

Ε Χ 10"10 

dynes/cm.2 

tan δ 

0 10 1.63 0.069 4.54 0.062 
25 1.73 0.080 4.79 0.071 

10 10 1.50 0.072 4.18 0.065 
25 1.55 0.083 4.32 0.074 

30 10 1.29 0.078 3.61 0.070 
25 1.34 0.103 3.75 0.087 

50 10 1.09 0.091 3.06 0.084 
25 1.15 0.108 3.23 0.095 

understood to mean only that all the curves were nearly invariant with 
frequency in the range covered in the tests. 

Dunell and Dillon42 reported measurements from about 1 to 100 c.p.s. 
The tests were at 70° F. and 65 % r.h., a tensioning load of 5 Χ 108 dynes/ 
cm2 being used with superposed dynamic stress. It was observed that the 
dynamic modulus was essentially constant with frequency; the slope of 
log viscosity with log frequency was —0.9, which leads to a slope of +0.1 
for log tan δ versus log frequency. 

The measurements at the highest frequency are those of Mason and 
McSkimin.43 The experiments were both in shear and longitudinally on 
samples of undrawn nylon 6-6. The longitudinal measurements were made 
on a relatively thin, flat specimen, with the result that the velocity and 
attenuation were functions of (λ + 2μ), where λ and μ are the Lamé con-
stants, and of the corresponding (λ' + 2μ')—rather than of Ε (Young's 
modulus) and E', its associated loss term. The moduli and loss factors are 
summarized in Table VIII; Ε and its associated viscosity were calculated 
from the values of μ, (λ + 2μ), μ', and (λ' + 2μ') found experimentally. 

Fujino and co-workers86 have made longitudinal tests at 20° C. and 65 % 
r.h. at 0.2 c.p.s. to 200 kc. on filaments of nylon 6, and presented graph-
ically the real and imaginary parts of the complex modulus, the loss factor 
tan δ, and the relaxation spectrum as calculated from the imaginary part 
of the modulus. Over this frequency range, the real part of the modulus 
increases from ^ 4 . 8 Χ 1010 to ^ 6 Χ 1010 dynes/cm.2, the imaginary part 
decreases from ^ 5 Χ 109 to a very broad minimum of ~ 4 X10 9 with its 
center in the vicinity of 100 c.p.s.; it then increases to ~ 7 Χ 109 at 200 
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kc. The loss factor tan δ shows a corresponding minimum. It has a value 
of ~Q.l at 0.2 c.p.s., decreases to ^0 .07 at ^ 1 0 0 c.p.s., and increases 
again to ~0.15 at ^ 2 0 0 kc. The relaxation spectrum has a maximum at 
3 X 10~6 sec. (corresponding to a frequency of 53 kc./sec.) and a minimum 
between 0.01 and 0.001 sec. (16 to 160 c.p.s.), after which it increases to 
the limit of calculated times, about 0.5 sec. (0.3 c.p.s.). The maximum and 
minimum values shown for the ordinate E' (In r) of the spectrum are 4.3 X 
109 and 2.4 Χ 109 dynes/cm.2, respectively. The box distribution dis-
cussed in the Introduction would be of uniform height; the nylon therefore 
may be said, on the basis of this experiment, to be representable by a box 
distribution, to a first approximation, within the time of a microsecond to 
10 sec. 

In a second paper, Fujino et αΖ.96 performed similar experiments on 
monofilaments of nylon 6, melt-spun and quenched in ice water under a 
minimum of tension, followed by various drawing and conditioning treat-
ments. The description of these is given in Table IX. 

Samples NY-60-1 and NY-60-2 were drawn as slowly as possible by 
hand without necking, while the others were drawn at the ordinary com-
mercial rate. NY-60-5B was drawn up to 380% and subsequently boiled 
in water for 1.5 hr. under constant length for the purpose of extracting the 
residual lactams, and ΝΎ-60-5-ΒΗ was prepared by heating the former 
for 1 hr. at 130° C. under constant length. ΝΥ-0-0-Η was prepared by 
heating the quenched filament under constant length for 10 min. at 170° C. 

The curves showing the real part of the dynamic modulus are the most 
regular, increasing almost linearly on the log-log plot, and generally main-
taining their relative positions throughout. Except for NY-60-1, the modu-
lus increases with the amount of drawing. At low frequencies, the imaginary 
parts of the modulus are in the same order of increasing values as the real 
ones; but those which are slightly drawn and therefore the lowest at low 
frequencies tend to become the highest at high frequecies, while the most-
drawn tend to become the lowest. The tan δ curves generally show a tend-
ency to a minimum between 0.2 and 100 c.p.s., and a tendency to a max-
imum at 104 or to level off beyond that point. There is no apparent relation 
between the degree of drawing and tan δ at the low frequencies, but at 
high frequencies tan δ decreases with increasing orientation. 

The effect of moisture on NY-60-1, NY-60-5-B, and NY-60-5-B-H was 
also examined. To supplement the data obtained at 65% r.h., samples 
were preconditioned for several days at 23° C. at 0% and 90% r.h. The 
dry specimens were tested at 40% r.h., the moisture content during meas-
urement being about that which would correspond to moisture regain at 
5% r.h.; the samples conditioned at 90% r.h. were tested at that con-
dition. With decreasing moisture content the real part of the modulus 
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TABLE I X 

TREATMENT AND X-RAY DIFFRACTION PATTERNS OF NYLON 6 
INVESTIGATED BY FUJINO AND CO-WORKERS

96 

Den-
sity, 

gm./ 
ce. 

Double 
refrac-

Sample No. Treatment 

Den-
sity, 

gm./ 
ce. 

tive in-
dex (fly 
— na) 

X-ray diffraction pattern* 

NY-0-0 Quenched and 
undrawn (orig-
inal) 

1.127 0.0080 A system of some diffuse rings, 
almost a type 

NY-60-1 Drawn by 30% 
at 60°C. 

1.130 0.0093 Slightly oriented and some dif-
fuse fiber pattern, β » a 

NY-60-2 Drawn by 100% 
at 60°C. 

1.134 0.0290 Some oriented and somewhat 
diffuse fiber pattern, almost 
ß type 

NY-60-4 Drawn by 350% 
at 60°C. 

1.140 0.0565 Well oriented and somewhat 
diffuse fiber pattern of β type 

NY-60-5-B Drawn by 380% 
at 60°C. and 
boiled in water 
for 1.5 hr. 

1.143 0.0550 Well oriented and defined pat-
tern of β type, although the 
crystal orientation is some-
what relaxed 

NY-60-5-BH Heat-treated 
NY-60-5-B for 
1 hr. at 130°C. 

1.144 0.0610 Well oriented and defined fiber 
pattern of β type, although 
the crystal orientation is 
somewhat relaxed 

NY-O-O-H Heat-treated 
NY-0-0 for 10 
min. at 170°C. 

1.141 0.0133 Slightly oriented and defined 
fiber pattern, β >>> a 

* The ' V and "β" types in the description of the X-ray diffraction patterns 
above refer to an orthorhombic and a monoclinic system respectively.

97 

increased considerably for nearly the whole range, while the imaginary 
part increased at low frequencies and decreased at high. The corresponding 
relaxation spectrum is noticeably affected by the moisture content. With 
decreasing moisture content the spectrum generally increases at longer 
and decreases at shorter times, the effects being especially noticeable when 
the sample is extremely dry. The effect of decreasing moisture content is 
very analogous to that of heat treatment. As a result of this work on poly-
caproamide and parallel work on other polymers, the authors were enabled 
to arrive at generalizations on the effect of drawing, heat treatment, and 
water content on the structure of the materials and the structural features 
responsible for the observed viscoelastic behavior. These papers represent 
the most ambitious attempt to relate structure with viscoelastic behavior 
so far published; but the conclusions lie outside the scope of this review. 

97
 A. Okada and K. Fuchino, Kobunshi Kagaku 7, 122 (1950). 
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Draw ratio 
Ε static, 

dynes/cm.
2 

χ ΙΟ"
9 

Bending Torsion 

E/3G Draw ratio 
Ε static, 

dynes/cm.
2 

χ ΙΟ"
9 Frequency, 

c.p.s. 

E, 
dynes/ 

cm.
2 

X 10"
9 

Frequency, 
c.p.s. 

G, 
dynes/ 
cm.

2 

X 10"
9 

E/3G 

1 (undrawn) 8.6 284-423 16.1 187-224 5.0 1.07 
2 17.9 239-1075 20.6 94-182 4.9 1.43 
3 23.5 305-709 33.2 91-140 5.5 2.04 
4 33.2 285-454 41.7 55-140 5.2 2.75 
5 41.9 274-401 49.3 52-106 5.8 2.86 
6 50.8 285-464 55.9 54-135 6.0 3.13 

The most nearly amorphous material is NY-0-0; if the data of Mason 
and McSkimin mentioned above at 30° C. are added to the extended plot 
of Korino et al., they show a further rise in the modulus over two more 
decades of frequency, and a further decrease in tan δ. It must be conceded, 
however, that this procedure is questionable, in view of the differences in 
materials and test conditions, and the fact that the humidity in the Mason 
and McSkimin experiments was uncontrolled. It will be shown later that 
the data of Maxwell

98
 may, with the same qualifications, be used to extend 

those of Korino et al. to lower frequencies. 

Wakelin and co-workers
99
 measured the effect of draw ratio of nylon 

6-6 on the static and dynamic Young's modulus, and on the dynamic shear 
modulus. Their results are given in Table X . 

These figures show that under the conditions by which the tests were 
made, the dynamic modulus in bending increased by 3.5 times as the draw 
ratio increased from 1 to 6; the shear modulus was practically unaffected. 
If it is assumed that E/G = 3 for an isotropic material, the increase of 
this ratio from ^ 1 to over 3 as the draw ratio increases is taken as evidence 
of an increasing degree of anisotropy as the draw ratio is increased. 

Price and associates
100

 measured the dynamic properties of an uniden-
tified nylon filament in a frequency range of 5 to 50 c.p.s. at temperatures 
of 2° and 25° C. at various relative humidities. Perhaps the most unusual 

98
 Bryce Maxwell, J. Poly. Sei. 20, 551 (1956). 

9 9
 J. H. Wakelin, E. T. L. Voong, D. J. Montgomery, and J. H. Dusenbury, J. 

Appl. Phys. 26, 786 (1955). 
1 00

 S. J. W. Price, A. D. Mclntyre, J. P. Pattison, and B. A. Dunell, Textile Re-
search J. 26, 276 (1956). 

TABLE X 

EFFECT OF DRAW RATIO OF NYLON 66 ON THE STATIC AND DYNAMIC YOUNG'S 
MODULUS AND ON THE DYNAMIC SHEAR MODULUS 

(After Wakelin et al.
99
) 



420 I. L . HOPKINS AND W . O . B A K E R 

feature of their results is the decrease in the dynamic modulus with in-
creasing frequency, which is contrary to the usual results and also to the 
predictions of viscoelastic theory 

in which Ε (ω) must increase monotonically with ω, not only for the "step" 
function as discussed by the authors but also for any other form of Ε (τ) 
which is nowhere negative. The viscosity-frequency product, ωη, is nearly 
independent of frequency over this range, and some success is reported in 
predicting its magnitude from the slope of the stress relaxation curves. 

Maxwell98 has provided data at frequencies between 0.001 and 100 c.p.s. 
and 30° C , obtained from a rotating cantilever beam apparatus. He con-
cluded only that the dynamic modulus changed rather rapidly with fre-
quency, and that two relaxation mechanisms were indicated by the mini-
mum observed in the loss curve. It is interesting, however, that his data, 
which overlap those of Fujino et αΖ.,86 agree fairly well in slope of log modulus 
and tan δ, showing the minimum in the latter data in the same frequency 
range. 

Chaikin and Chamberlain101 measured the dynamic Young's modulus 
at 100 kc. by means of the longitudinal pulse velocity as a function of 
relative humidity on a 15-denier nylon monofil. Their results are given in 
Table X I . 

Tipton1 02 measured the dynamic modulus and loss factor of monofils 
at ~ 4 0 c.p.s., and determined the effect of static and dynamic strain. 
The modulus increases and the loss factor decreases with an increase in 
static strain, the change being small up to strains of 1 %. As the dynamic 
strain increases, the modulus decreases and tan δ increases, the changes 
being small below strains of 0.2%. As both strains approach zero, the 
modulus approaches 3.5 Χ 1010 dynes/cm.2 and tan δ approaches 0.1. 

Becker and Oberst103 measured the effect of water content and tempera-
ture on the dynamic properties in bending of nylon 6 at frequencies from 
10 to 1000 c.p.s. The nylon was caused to assume two crystalline habits, 
by choice of cooling rates from the melt. The materials were conditioned 
roughly to dry, half the saturation value, and saturation at 20° C ; the 
temperature range of test was —30° to 90° C. Increased water content 
lowered the modulus, and shifted the dispersion region toward lower tem-
peratures. At the same time the dispersion of the modulus and the absolute 

1 01 M. Chaikin and Ν. H. Chamberlain, J. Textile Inst. 46, T25, 44 (1955). 
1 02 H. Tipton, Textile Inst. 46, T322 (1955). 
1 03 G. W. Becker and H. Oberst, Kolloid-Z. 152, 1 (1957). 
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Relative humid- Ε Χ 10" 1 0, 
ity, % dynes/cm.2 

Taut 25 6 . 5 

40 6 .5 

65 6 .5 

0.5 extension 25 7 . 5 

40 7 .4 

65 7 .4 

value of the loss factor increased. The difference in behavior of the two 
crystalline habits was small. 

2. STRESS R E L A X A T I O N IN P O L Y A M I D E S 

The stress relaxation work of Hammerle and Montgomery90 on 6-6 
nylon has been mentioned in the discussion of the dynamic properties of 
nylon. Their tests covered periods from 20 to 20,000 sec. in torsion and 
10 to 2000 sec. in tension. The experiments were conducted at 65% and 
70° F. The torque at 100 sec. after application of the initial strain was 
taken as the standard. The relative torques at 20 and 20,000 sec. were 
(from the plot given) 1.07 and 0.80, respectively. The plot of relative 
torque against log time is nearly linear, but slightly concave upwards; 
the mean decrease in relative torque is 0.09 per decade, or 8.4% of the 
20-sec. torque per decade. The same materials under the same conditions 
were used for extensional stress-relaxation experiments. Strains of 1, 2, 
and 5% were used, the load being applied in from 1 to 10 sec. For 1% 
and 2% extension, the behavior was linear; for 5%, the curve (similar 
to the one in torsion) is steeper. A formula for the extensional curve is given: 

F(t)/F(100) = 1 - 0.0570 In (J/100) 

which is equivalent to a loss of 13 % per decade. 
Attempts to relate the relaxation moduli in shear and tension by means 

of the usual equation from elasticity theory 

G(r) = # ( r ) / 2 ( l + v) 

where ν is Poisson's ratio and G(r) and Ε (τ) are the shear and extension 
moduli, respectively, of any element comprising the model were not 
successful, the failure being ascribed to the anisotropy of the filament. 

Speakman and Saville88 performed relaxation experiments on nylon 6-6, 

TABLE X I 

DYNAMIC YOUNG'S MODULUS OF 15-DENIER NYLON MONOFIL AT 
100 KC. AS A FUNCTION OF RELATIVE HUMIDITY 

(After Chaikin and Chamberlain101) 
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in buffer solutions of pH from 2.95 to 10.02. The stretch in the filament 
was 15%. They found the plots to be linear on a semilogarithmic plot up 
to 100 min.; the rate of decay of tension was independent of pH. In water, 
however, while the curves at 25° and 45° C. are still linear up to 100 min., 
those at 35°, 55°, and higher deviate markedly from linearity. 

The effect of draw ratio and heat treatment on the relaxation of stress 
in nylon 6 were studied by Fujita and Kishimoto.

1 04
 The tests were made 

at 30° C. and 65% r.h., at 10% strain. Cold drawing was performed 
manually at room conditions up to a draw ratio of 4 at the rate of about 
10% per second. The specimens were allowed to rest 24 hr. before test. 
Curves of stress plotted as functions of log time were not generally linear, 
but concave upward. At a draw ratio of about 3 the relaxation was some-
what slower, as shown by change in the parameters of an empirical equation 
which provides a close fit to the curves. The static Young's modulus in-
creases from 0.2 X 10

10
 dynes/cm.

2
 in the undrawn material to about 

1.3 X 10
10
 at a draw ratio of 3, after which the increase is slower. The 

elongation of rupture decreases from nearly 400 % in the undrawn to about 
100 % in a draw ratio of 3, after which the decrease is much slower. 

The effect of heat treatment was studied by heating undrawn specimens 
at 1.5° C./min. to the desired temperature, and then cooling in still air 
for 1 hr. at 30° C. and 65% r.h. At the higher temperatures (up to 130° C.) 
the initial loads were higher, and the shapes of the curves greatly altered; 
but they all appear to approach the curve for the untreated material. It 
was determined that this behavior was due to moisture uptake during the 
cooling period; if the specimens were cooled for 71 hr. or more, the form of 
the original curve was reproduced, although the level increased with 
increasing conditioning times. The initial loads for the untreated specimens 
and those treated at 130° C. were 2.3 and 2.8 X 10

8
 dynes/cm.

2
 at a strain 

of 10%. 

Continuing this work, Kishimoto and Fujita
105

 studied the relaxation 
of stress in nylon 6 as caused by penetration of water vapor at 40% r.h. 
and temperatures of 15°, 30°, and 50° C. A theory of chemical relaxation 
was presented, embodying these assumptions: 

The diffusion coefficient is independent of concentration or any other 
factors. 

The rate of breaking hydrogen bonds is proportional to their local con-
centration and to the local concentration of penetrant. 

The remaining (unrelaxed) stress is proportional to the number of 
unbroken bonds. 

The diffusion coefficient of water vapor in nylon could therefore be 
1 04

 H. Fujita and A. Kishimoto, / . Phys. Soc. Japan 9, 867 (1954). 
1 05

 A. Kishimoto and H. Fujita, Kolloid-Z. 150, 24 (1957). 
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evaluated from chemical relaxation data, as well as from ordinary sorp-
tion experiments; it was found that the diffusion is Fickian and that the 
coefficients agreed quite well when the relaxation-determined values were 
extrapolated to zero strain. 

3. C R E E P IN P O L Y A M I D E S 

Creep in drawn nylon was systematically investigated by Leaderman.
65 

Emphasis was placed on the behavior of the material in relation to visco-
elastic theory, in particular to the Boltzmann superposition principle. The 
effect of change of temperature in the dry state, and the effect of relative 
humidity at 75.5° C. were also studied. It is implicit throughout that there 
is a limiting creep in extension for any set of conditions, although in most 
cases it was not approximately attained. For small loads (up to 0.2 or 
0.35 gm./denier, depending on the particular nylon used, corresponding 
to stresses of about 2 X 10

8
 and 3.5 X 10

8
 dynes/cm.

2
, respectively), the 

material was found to conform to the Boltzmann superposition principle 
provided the principle was modified to permit nonlinearity in the relation 
between response and load. At higher stresses (up to about 8 gm./denier œ 
8 X 10

9
 dynes/cm.

2
) the behavior is more complex, and the superposition 

principle no longer holds good, even in modified form. The effect of an 
increase in temperature or humidity at high loads was similar to that of 
an increase of load, namely, a shifting of the total deformation curves to 
higher levels. 

In all this work, linearity of deformation (or recovery) with log time 
occurred occasionally, but by no means generally. 

The Young's modulus for these filaments at very low temperatures (or 
dynamic at very high frequencies) is not given; but if we use Schmieder 
and Wolf's

32
 value for shear, approximately 2.5 X 10

10
 dynes/cm.

2
, and 

the ratio E/3G ~ 3 from Wakelin et αΖ.,
99
 the Young's modulus would be 

^ 2 Χ 10
11
 for reasonably high draw ratios. Stresses of 0.3 gm./denier and 

8 gm./denier, corresponding to stresses of 3 Χ 10
8
 and 8 Χ 10

9
 dynes/cm.

2 

respectively, would result in instantaneous strains of 0.15 and 2%. The 
lower figure is at about the upper limit of dynamic strain found by Tipton

1 02 

not to affect the dynamic results; the upper one is above the limit of static 
strain found not to influence the results. Both these figures were far exceeded 
in Leaderman's tests, often probably before readings could be made. It 
may be tentatively concluded that if the strain at no time exceeded the 1 % 
static value mentioned by Tipton, the material would at least obey the 
modified Boltzmann superposition principle, or even perhaps the linear. 

Abbott
1 06

 performed similar work on 16.5-denier nylon 66 monofilaments, 
but at considerably greater extensions (up to 16%). The work was done 

1 06
 N. J. Abbott, Textile Research J. 21, 227 (1951). 
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FIG. 2 7 . Stress relaxation curve for nylon 66, at 36°C, 30% r.h., as calculated from 
the master creep curve.1 07 

at 65 % r.h. and 70° F. He found the creep to be linear with log time, in 
one case from 10 sec. to 1 year, during which the extension changed from 
10.4 to 13.7%. He, like Leaderman, found that an increase in load shifted 
the curves to higher values of deflection, without altering the slope for 
loads up to 1.8 gm./denier (1.8 X 109 dynes/cm.2). The deflection at 10 sec. 
is not proportional to the load. Recovery curves are also parallel but not 
linear. Abbott also studied the effect of immersion in water during the 
test. The difference between these results and those made at 65% r.h. is 
not great. 

Catsiff et al107 attacked the problem of constructing master creep curves 
for nylon 66 for all loads at several humidity conditions, in such a way that 
the nonlinear characteristics first reported by Leaderman65 and confirmed 
by their own data would be described. The nylon was in the form of 71-
denier 34-filament yarn with twist per inch, cold drawn to 3.6-3.8 
times its original length. It is the only yarn discussed in this review, but 
the paper is of considerable interest as the only attempt to create such a 
synthesis. 

It was found that three operations had to be performed on the experi-
mental curves in order to fit them together into a master curve. Each had 
to be expanded in ordinate by multiplying by a factor 1/F, which was a 
function of the stress; each curve was shifted along the log time axis; and 
each was shifted vertically. The master curve then includes the time-
dependent response, to which must be added the instantaneous elastic 
response if the total deflection is required. No more than qualitative 

1 07 E. Catsiff, T. Alfrey, Jr., and M. T. O'Shaughnessy, Textile Research J. 23, 
808 (1953). 



DEFORMATION OF CRYSTALLINE AND CROSS-LINKED POLYMERS 425 

significance is claimed for these curves outside the range of the experi-
ments on which they were based. But if we take them at face value, three 
things of interest appear. First, a range of over 10

8
 in time is needed to 

characterize the principal parts of the curve; second, the curve is sigmoidal 
in shape; and third, there are either relaxation mechanisms of much longer 
time than is included in the master curves, or else there is a definite upper 
limit to the creep. 

A relaxation curve may be calculated
30
 from the master creep curve, 

for what it is worth in view of the perhaps somewhat unreal character of 
the creep curve itself and the rather dubious use of a transformation based 
on the assumption of linearity. Such a curve is shown in Fig. 27. The slope 
of the steepest part is about 10% per decade, and the form of the curve 
again suggests the box distribution of relaxation times. 

V. Conclusion 

The foregoing has left unmentioned many materials and many phenom-
ena. It may be said, indeed, that the only satisfactorily clear area in the 
field of time-dependent phenomena is that of behavior at very small 
strains and within the time limits attainable by ultrasonic techniques on 
one hand and the limit of the patience of the observer on the other, with 
the extensions provided by temperature variation where this is permissible. 
The ultrashort and ultralong time behavior are generally unknown in 
crystalline and cross-linked materials. It is perhaps not necessary to know 
the behavior at the extremes of time; it is not physically possible to deform 
a material in times shorter than some fraction of a micro-microsecond, for 
instance, and the creep or stress relaxation in 1000 years is probably not 
important for most of our uses today, although the archaeologists of the 
future may feel differently about it. But not to know is tantalizing. Very 
little has been said about gross distortions; but, for example, the knowl-
edge of the flow of molten polyethylene during extrusion, which was 
mentioned, is in a sufficiently sad state. The difficulty lies primarily in the 
nonlinearity of the phenomena, once small strains have been exceeded, 
and partially in thé complexities introduced with anisotropy. 

The linear and near-linear behavior of the permanently cross-linked, 
amorphous polymer, ebonite, differs from an uncross-linked amorphous 
material principally in that the longer relaxation times may be finite in 
the latter; stress relaxation can go to completion and creep settles down 
to a steady rate. The crystalline polymers differ from noncrystalline ones 
over most of the time and frequency range. The material may be regarded 
as a crystalline phase in an amorphous matrix and bound to it, the elastic 
rigidity of the crystalline phase remaining in effect at very low frequencies 
and very long times, so long as it is not reduced in quantity and character 
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by partial or total melting. The total stiffness (at very high frequencies 
or very low temperatures or both) is much the same, however, for all classes 
of polymers. 

Since a very large range of relaxation times is usually required to charac-
terize these crystalline or cross-linked materials, the change in the dynamic 
modulus and loss factor and the slopes of the creep and stress relaxation 
curves are small over a small frequency or time range, and in some cases 
they have been apparently unchanging. This has been shown to be con-
sonant to a high degree with a box distribution of relaxation times. Devia-
tion occurs as the range of times or frequencies in experiments becomes 
longer; and then the distribution of relaxation times deviates from this 
simple function. 

The theory of linear viscoelasticity has been eminently successful in 
joining several forms of viscoelastic behavior into a satisfying synthesis. 
The interest the theory has aroused, and the quantity of work it has 
stimulated, are an excellent example of the dependence of progress on some 
unifying concept. No such concepts have been evolved for the large and 
complex field outside the linear viscoelastic region. Whether such concepts 
will eventually be based on phenomenological considerations, like the 
linear theory, or on molecular, structural, and statistical mechanical 
considerations, remains to be discovered. 

Nomenclature 

a Dimensionless parameter in the expression for creep asymptote 
b Parameter in creep asymptote; units, T~l 

Β Bulk modulus of elasticity; dynes/cm.2 or lb./in.2 

D Diameter of capillary; units as convenient 
e Base of natural logarithms 
Ε Young's modulus; dynes/cm.2 or lb./in.2 

Ε (τ) The stiffness associated with relaxation times between τ and 
τ + dr in a continuous relaxation spectrum; dynes/cm.2 sec , 
dynes/cm.2 day, etc., as convenient 

Er(t) The stress relaxation modulus, (stress at time t)/strain; units 
same as Ε above 

G Shear modulus, dynes/cm.2 or lb./in.2; equivalent to the Lamé 
constant μ 

Gy Gi , G2 y etc. The stiffness of springs in Maxwell elements in shear models, 
dynes/cm. 

G(t) Stress relaxation modulus in shear, (stress at time t)/strain. 
Units: dynes/cm.2, lb./in.2, etc., as convenient 

k' Second virial coefficient in Huggins viscosity equation 
Κ Absolute temperature; also an arbitrary constant used as re-

quired, easily distinguished from the temperature scale 
L.C.S. Limiting compressive stress (yield point in compression of 

Bingham body representation of polyethylene) 
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L.S.S. Limiting shear stress (yield point in shear of Bingham body 
representation of polyethylene) 

Mn Number average molecular weight 
Mw Weight average molecular weight 
ρ Pressure; dynes/cm.2, lb./in.2, etc., as convenient. 
Q 1/tan δ = 1/loss factor in sinusoidal displacement 
Q Volume per unit time in capillary flow; units as convenient 
r , r 0 , r i Radii; units as required 
t Time; sec , hr., days, etc., as convenient 
tan δ Loss factor in sinusoidal displacement 
χ General symbol for length, distance, etc.; cm., in., as conven-

ient. 
α, β, y Designation for absorption peaks, in order of decreasing tem-

perature. 
η Viscosity associated with Lamé constant μ or shear modulus G, 

in poises 
η Β Viscosity associated with bulk modulus ; dyne sec./cm.2 

η s Viscosity associated with Young's modulus; dyne sec./cm.2 

λ Lamé elastic constant; dyne/cm.2 

λ Relaxation frequency; sec - 1, days- 1, etc., as convenient 
μ Lamé elastic constant equivalent to G above; dyne/cm.2 

μ, μι , μζ In reference 94, internal friction; poises 
ν Poisson's ratio 
τ Relaxation time; sec , min., or days as convenient 
π , T 2 Relaxation times; the minimum and maximum relaxation times, 

respectively, in a given spectrum. Units: sec , min., or days 
as convenient 

φ if) Creep function, defined as (deformation at time t)/(deforma-
tion at time zero) 

χ Viscosity associated with Lamé constant λ; dyne sec./cm.2 

ψ (t) Relaxation function, defined as (stress at time t)/ (stress at time 
zero) 

ω, ω ι , ω 2 Circular frequency; radians/sec 


